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Abstract 
 
In the present study, Zr65Cu35 metallic glass thin film (MGTF) and 
Zr-Cu-Mo metallic glass thin films with various Mo contents were 
synthesized on Si (100) wafers and AISI 304 stainless steel substrates by a 
direct current unbalance magnetron sputtering technique in an Ar gas 
environment. The plasticity-induced nanocystallization in the binary Zr65Cu35 
MGTF and the effect of Mo addition on microstructural evolution and 
mechanical properties of ternary Zr-Cu-Mo MGTFs were investigated.  
The Zr65Cu35 MGTF was deformed by Knoop micro-indentation, and 
approximately 60% of the film thickness was deformed plastically. The 
formation of shear bands was observed at the edge of the indentation 
impressions. HR-TEM showed that nanocrystallization occurred only in the 
vicinity of the step-like shear bands formed at the edge of the indentation 
impression. No phase transformation was observed in other places, such as 
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under the heavily deformed center area of the indentation impressions 
imposed by compressive stress. The distinctive nanocrystallization observed 
in the Zr65Cu35 MGTF was explained in terms of the enhanced atomic 
mobility by shear stress without compressive stress. Under the micro-
indentation, the shear stress rather than the compressive stress was found to 
induce the indentation-induced crystallization. 
As to the microstructural evolution of the ternary metallic Zr-Cu-Mo 
system, the Zr-Cu-Mo films with an Mo content below 38 at.% maintained 
the monolithic amorphous phase structure. However, when Mo content was 
added above 46 at.%, the Zr-Cu-Mo films begin to have nanocomposite 
structures of well-distributed Mo2Zr and Mo crystallites embedded in an 
amorphous matrix. On the mechanical properties, the hardness, elastic 
modulus, fracture toughness and plasticity resistance were increased by 
microstructural evolution from monolithic amorphous phase to 
nanocomposite, regardless of their Mo content. The average friction 
coefficient of the ternary Zr-Cu-Mo thin films was reduced by the effect of 
Mo addition regardless of phase structure. 
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CHAPTER 1. 
Introduction 
 
1.1. Metallic glasses (MGs) 
The general metals have a crystalline structure, which is a translational 
periodic assembly of atoms with long range order by its geometrical relation. 
The atom undergoes thermal vibration around the mean position. In contrast, 
metallic glasses (MGs), which possesses a short-range periodicity of the 
atomic arrangement without any grain-boundary, are a non-crystalline 
metallic alloys. The MGs are generally formed from the liquid state by a 
sufficiently high cooling rate to avoid the nucleation and growth of crystalline 
phases [1].  
The MGs were first obtained by liquid quenching by Duwez et al. [2] 
more than 35 years ago. Since that time, many systems have been found that 
form glass from the liquid state. However, in order to form the amorphous 
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phase, the cooling rate should be 105 K/s or greater, and therefore the 
specimens had to be thin (< a few hundred microns) in at least one dimension. 
In early 1990’s, by careful choice of alloy compositions showing deep 
eutectic features, critical cooling rates down to 102 K/s or less were obtained 
and samples with dimensions of the order of millimeters could be formed, 
such as La-Ni-Al [3], Mg-Cu-Y [4] and Zr-Cu-Ni-Al [5].  
These alloy systems exhibit good thermal stability above the glass 
transition temperature. Here, we define a metallic glass as having a minimum 
dimension of 1 mm which is equivalent to a critical cooling rate of about 103 
~ 104 K/s. In recent years, alloys with critical cooling rates of ~10 K/s have 
been found in the Zr-Ti-Cu-Ni-Be system by Peker and Johnson [6]. Casting 
of glassy samples greater than one centimeter in thickness samples is possible. 
However, the toxicity of beryllium is an unfortunate drawback for some 
practical applications. Later, Johnson group found some new MGs such as 
Ti-Zr-Cu-Ni [7] and ZrTi(Nb)-Cu-Ni-Al [8]. The Zr-Ti(Nb)-Cu-Ni-Al alloy 
can make amorphous samples with a critical thickness of about 1 cm. 
However, due to the limited Zr resources, development of new MGs 
containing common metals as the major constituent is strongly desired for the 
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extensive practical applications of MGs. Inoue group found that amorphous 
alloys with a thickness of 4 mm are formed in Cu-Zr-Ti, Cu-Hf-Ti and Cu-
Zr-Hf-Ti systems [9]. Kim group also found that MGs with a thickness of 3 
mm are formed in Ni-Zr-Ti-Si-Sn system [10]. These alloys exhibit large 
supercooled liquid region of ∼60 K at a heating rate of 0.67 K/s, implying the 
existence of a wide time window for processing in the supercooled liquid state. 
Currently, research in the area of MGs is growing significantly. Many 
researchers are searching for new alloy compositions and investigating the 
mechanical, structural, thermo-physical, and magnetic properties of these 
alloys. Based on the present developments, one can expect further major 
applications of MGs in the near future. 
The recently developed MGs exhibit not only high GFA but also unique 
engineering characteristics and consequently are expected to be applied much 
more widely than the MGs developed earlier [11]. Typical industrial 
applications are: (1) magnetic applications such as linear actuators, magnetic 
cores, choke coils, and high-frequency magnetic-shielding sheets; (2) 
chemical applications such as fuelcell separators; and (3) structural 
applications such as  sporting goods, precision optical parts, precision gears 
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for micromotors, diaphragms for pressure sensors, tubes for Coriolis mass 
flow meters, aircraft parts, automobile valve springs, and so on [12].  
New MGs have been used for the development of innovative products 
for various industrial applications, according to the required properties. The 
commercialization of MG products has already succeeded in the following 
areas: (1) tungsten-loaded composite MGs for defense applications such as 
armor and submunition components [13]; (2) thinner forming technologies 
for electronic casings such as mobile phones, handhelds (PDSs), and cameras 
[14]; (3) medical devices such as reconstructive supports, surgical implants; 
and (4) fine jewelry such as watch casings, fountain pens, and finger rings.  
To obtain a sensitivity greater than that possible with a commercial 
diaphragm, it is necessary to develop a new material with lower Young’s 
modulus and higher strength. The Young’s modulus of 100 GPa for the Zr-
based metallic glass is about a half of that stainless steel, and correspondingly 
the sensitivity can be doubled imply by replacing the stainless steel with MGs. 
The newly developed low-temperature deposition process further enhances 
the sensitivity, so that overall, the sensitivity of the Zr-based MG diaphragm 
is 3.8 times greater than a conventional diaphragm [15].  
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MGs have already been commercialized in several industrial 
applications exploiting their excellent properties. In addition, recent 
improvements in GFA to obtain samples with maximum dimensions of more 
than 1 cm have encouraged a wider variety of applications of MGs such as 
magnetic sensing, chemical, and structural use. The synergy between 
fundamental and applied research will make MGs significant materials in the 
near future [16]. 
 
1. 2. Structure of MGs 
MGs are non-equilibrium materials; important characteristics are the 
glass transition and crystallization temperatures when heated toward the 
liquid state. Due to the disordered atomic structure and the absence of grain 
boundaries, MGs have many superior properties including good soft-
magnetic properties and excellent mechanical properties of high specific 
strength, large elastic limits (~2%), and high resistance to corrosion and wear. 
Local structures of metallic glasses, however, are the least understood 
compared to other materials. Recently, scientific interests and technological 
importance of MGs have stimulated renewed interest in the structure of 
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metallic glasses [17-19].  
 
1. 2. 1. Formation of MGs  
The amorphous phase forms by solidification from liquid phase to 
suppress the nucleation and growth reaction of a crystalline phase in the 
undercooled liquid region between melting temperature (Tm) and glass 
transition temperature (Tg). As cooling below Tg in the amorphous state, the 
atomic mobility is not occurred for nucleation of crystals in reasonable time. 
According to classical nucleation kinetics, the nucleation rate depends on the 
atomic mobility and the free energy difference between the liquid and 
crystalline phases which is a driving force for crystallization. However, the 
creation of the liquid-crystal interface does not generate the nucleation 
process since it contains a positive interfacial energy [20, 21].  
The solidification from a melt is generally related to either 
homogeneous or heterogeneous nucleation. The formation of MGs generally 
behave to avoid heterogeneous nucleation to achieve a high glass-forming 
ability (GFA). Therefore, devitrification on the glass formation during 
solidification from the melt occurs from homogeneous nucleation. According 
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to classical homogeneous nucleation kinetics [22], the free energy change 
associates with the transformation from liquid to crystal and the creation of 
liquid-crystal interface. The total Gibb’s free energy change associated with 
the formation of a spherical crystalline embryo with radius r can be written 
as:  
∆G = 4π𝑟2𝜎 +
4
3
𝜋𝑟3∆𝐺𝑣     (1.1) 
where ∆G is total change of free energy as functions of embryo radius, ∆Gv 
is the free energy change between liquid and crystal, and σ is the liquid-crystal 
interface energy.  
The nucleation energy barrier (∆G*) by the competition between these two 
terms is: 
∆𝐺∗ =
16
3
𝜋 (
𝜎3
∆𝐺𝑣
2)     (1.2) 
at a critical nucleus radius r* : 
𝑟∗ = −
2𝜎
∆𝐺𝑣
     (1.3) 
Therefore, the crystallites larger than critical nucleus radius r* grow 
with decreasing free energy and be stabilized. Crystallites smaller than r* re-
melt with increasing free energy.  
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The embryos growth rate is determined by the rate of atom transport 
from the liquid site to the crystal site via interface, which is described by the 
atomic diffusivity D. The atomic diffusivity is related to the viscosity with the 
Stokes-Einstein relation: 
D =
𝑘𝑇
3𝜋𝑎0𝜂
     (1.4) 
where a0 is the interatomic distance, k is Boltzmann constant and η is the 
viscosity. The homogeneous nucleation rate (Iv) associated with the atomic 
mobility and the free energy difference between liquid and crystal can be 
expressed as: 
𝐼𝑣 =
𝑘𝑛
𝜂(𝑇)
𝑒𝑥𝑝 (−
∆𝐺∗
𝑘𝑇
)      (1.5) 
where kn is kinetic constant. The viscosity of the undercooled liquid increases 
with decreasing temperature. By the Vogel Fulcher relation [23], the strong 
temperature dependence of viscosity is described as : 
𝜂 = 𝐴 𝑒𝑥𝑝 (
𝐵
𝑇−𝑇0
)     (1.6) 
∆𝑇𝑟 =
(𝑇𝑚−𝑇)
𝑇𝑚
       (1.7) 
where A, B and T0 are constants, ∆Tr is the reduced undercooling. Thus, using 
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reduced temperature Tr=T/Tm, the homogeneous nucleation frequency 
becomes: 
I =
𝑘𝑛
𝜂(𝑇)
𝑒𝑥𝑝 (−
16𝜋
3
𝛼3𝛽
∆𝑇𝑟
2𝑇𝑟
)      (1.8) 
where α and β are dimensionless parameter defined. 
From the equations, the homogeneous nucleation rate (Iv) decreases by 
given temperature and viscosity. Due to η(T) is almost constant for alloy melts, 
the reduced glass transition temperature Trg = Tg / Tm [24, 25] is the critical 
factor. As increasing ∆Tr, the homogeneous nucleation rate (Iv) initially 
increases abruptly reflecting the increasing driving force, until, eventually, it 
peaks and undergoes a sharp decrease, as the increasing η becomes 
dominating at large ∆Tr. Turnbull calculated the homogeneous nucleation 
frequency as a function of Trg [17]. As Trg is increased, η increases more 
rapidly with increasing ∆Tr and the Iv-Tr peak is rapidly lowered and shifted 
to higher Tr.  
Therefore, it is easier to avoid nucleation for an alloy with higher Trg. It 
has been suggested that when Trg is lesser than 1/2, the maximum nucleation 
rate will be too large to form amorphous phase. However, when Trg 
approaches to 2/3, the nucleation rates are so low, thus amorphous alloy is 
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formed as avoiding the crystallization. 
 
1. 2. 2. Parameters for glass-forming ability 
Glass-forming ability (GFA) is important for understanding the origins 
of glass formation and for designing and developing new amorphous alloy. 
The GFA is evaluated by the critical cooling rate (Rc) for glass formation. It 
is necessary to the minimum cooling rate to keep the amorphous state without 
the devitrification during the solidification. The critical cooling rate (Rc) for 
the glass formation using thermal analytical measurements proposed by 
Barandiaran [26] is expressed as 
 
ln 𝑅 = ln 𝑅𝑐 −
𝑏
(∆𝑇𝑐)2
      (1.1) 
where, R is the cooling rate, b is the constant, ∆Tc is the undercooling by 
taking ∆Tc = Tl - Txc is the offset temperature of fusion and Txc is the onset 
temperature of solidification. By measuring Tl at a constant heating rate and 
Txc value at different cooling rate R, the relation between lnR and 1/(Tl - Txc)
2 
is expected. The smaller Rc, the higher the GFA of a system should be. 
However, Rc is a parameter that is difficult to measure precisely.  
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Unfortunately, there exists no universal model to predict the families of 
alloy compositions which are likely to possess good GFA. Through extensive 
experiments, three empirical rules have been found to favor the formation of 
the amorphous alloy [12]:  
1) multi-component system with more than three components,  
2) large difference in atomic size between constituent elements, 
3) large negative heat of mixing in the liquid.  
It is necessary for stabilizing liquid phase and for retarding crystallization 
kinetics of supercooled liquid phase regarding to the rules. The formation of 
amorphous phase during solidification preferentially occurs in the 
concentration range in which, during solidification under equilibrium 
conditions, there is competition between several phases and solidification is 
accompanied by mass transfer of the components [27]. Typical examples are 
alloy systems with deep eutectic. In comparison, alloys locating in single 
phase region in equilibrium phase diagram shows poor GFA. Therefore 
information on phase diagram is useful to search the potential high GFA 
composition range in a selected alloy system, satisfying the three empirical 
rules. Even though these empirical rules can offer some useful guidelines for 
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alloy design, development of new alloy with large GFA is mainly dependent 
on the necessity of carrying out a series of experiments where compositions 
are changed step by step. 
 
1. 2. 3. Atomic short range order 
Metallic glasses (MGs) are noncrystalline metals which lack long-range 
atomic periodicity because they are generally formed with fast quench rates 
for the retention of the glassy state from the melt [28]. Due to the disordered 
atomic structure and the absence of grain boundaries, MGs have many 
superior properties including good soft-magnetic properties and excellent 
mechanical properties of high specific strength, large elastic limits (~2%), and 
high resistance to corrosion and wear. The many of the properties [29, 30] and 
the structural evidence [31] indicate that these effects are due to some atomic 
ordering within the amorphous phase, rather than due to phase transformation 
into crystalline. It has widely accepted that a liquid generally has a tendency 
to form the short-range bond order and thus the structure of a liquid becomes 
locally more ordered with decreasing temperature. A liquid is in a disordered 
state in the long range, but it can locally possess short range bond order, so 
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that the chemical composition around the atoms of each alloying elements is 
different from the average. Microscopic state is described by the atomic short 
range order. The short-range order develops over the first couple of 
coordination shells (typically < 0.5 nm), we mean inherent local structures in 
the glassy state, not just quenched-in crystallizing phases that are not fully 
suppressed during solidification. The nature and degree of short range order 
depend on topology and electronic structure and is often extremely sensitive 
to even small changes in composition [32, 33]. The short-range order controls 
metallic glass formation and stability, favoring decomposition via 
crystallization to phases with similar local order and obstructing the formation 
of phases with a different structural order. The short-range order influences 
the physical properties of the glass and may influence shear-band formation 
during mechanical deformation [34].  
Frank suggested that icosahedral short-range order units are the locally 
preferred structural constituents of undercooled metallic liquids which retard 
the formation of crystalline phases by raising the nucleation barrier and thus 
enable the undercooling of metallic melts [35]. The icosahedral short-range 
order appears to be much more common than initially thought, and significant 
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distortions [33] from idealized clusters [36] are likely to be important. The 
icosahedral short-range order is often favored, explaining the common 
tendency to form the icosahedral phase (i-phase) as the primary devitrification 
product, especially in Zr-, Ti-, and Hf-based glasses [37-39]. The large 
number of i-phase grains after annealing indicates a small nucleation barrier, 
suggesting that icosahedral short-range order dominates the glass structure. 
This is consistent with a long-standing proposal linking the nucleation barrier 
for crystallization to the development of strong topological icosahedral short-
range order in supercooled metallic liquids [35], which was recently 
experimentally validated [39]. During cooling, the degree of icosahedral 
short-range order increases until crystallization starts [40, 41]. On the other 
hand, the icosahedral short-range order should facilitate the formation of 
icosahedral quasicrystals. The icosahedral short-range order of an 
undercooled metallic liquid should therefore determine its GFA and the 
crystallization behavior of the corresponding glass. 
 
1. 2. 4. Free volume  
Free volume is generally defined as the atomic volume in excess of the 
ideal densely packed but still amorphous structure [42]. The idea is that in the 
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supercooled liquid, an atom is trapped in a cage of neighbors, because it is 
backscattered by the neighbors most of the time. The atom can move into a 
neighboring site only when a large space, nearly equal to the atomic volume, 
happens to open up at the next site. 
A few theoretical models were proposed as the mechanism for the 
inhomogeneous deformation of metallic glasses. Spaepen established the free 
volume model adapting the earlier Turnbull and Cohen’s free volume concept 
[43-45]. The model postulates that stress increases with strain in a linear 
elastic manner and catastrophic softening occurs thereafter due to the rapid 
creation of free volume [43, 46]. Argon furthered the theory by suggesting 
that strain is produced by a local shear transformation due to the application 
of a load [47]. In addition to a steady state flow dilation, thermal fluctuations 
in the regions around the free volume sites of the amorphous structure assist 
the strain. A catastrophic softening via free volume creation through an 
analysis of the constitutive law [45]. The localized plastic flow to a previously 
and spontaneously formed narrow ‘weakened band’ region in which 
cohesion is reduced by the onset of inhomogeneous flows of the alloy 
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components or free volume in the strong stress field. An inelastic dilatational 
strain associated with the excess free volume was added to the deviatoric 
plastic strain as internal variables. Diffusion, annihilation, and stress-driven 
creation all compete to change the local free volume concentration. 
 
1. 2. 5. Structural inhomogeneity of MGs  
The nature and extent of structural inhomogeneity in glass is one of the 
principal subjects of the general problem of glass structure [48, 49]. 
Historically the first indication of an inhomogeneous glass structure was the 
assumption that there are crystallites in glass, that is, the finest local 
geometrically ordered regions in which the distribution of structural elements 
or atoms is characterized by a greater ordering (approaching the crystalline 
one) than the disordered deviations from the mean statistic distribution. This 
kind of inhomogeneity was later called “structural inhomogeneity”, as 
distinguished from “chemical inhomogeneity” of glass, that is, local 
deviations from the mean glass composition. Naturally, different order extent 
(i.e. the difference of structural inhomogeneity) at different points in glass 
inevitably leads to composition variation, but these are too small to take into 
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account. It is clear that a specific region of chemical ordering can consist in 
principle of structurally inhomogeneous regions, but not vice versa.  
For a monolithic glass, it is the short range order that is expected to 
control its properties, such as the initiation of plastic flow, given the absence 
of dislocations with defined Burgers vectors. The dense packing in metallic 
glasses is of course neither unique nor ideal. The cluster packing exhibits a 
distribution in terms of cluster size, types, and sharing schemes [19]. The 
concept of free volume [49], long used to describe the deviation from ideal 
packing, is critically assessed by Miracle et al. [50]; recent measurements 
suggest that microscopic free volume is rather unevenly distributed. The full 
implications of the structural information acquired so far for atomic diffusion 
and plastic flow remain to be elaborated. How the structures transform upon 
changes in thermodynamic and processing variables [51], or under 
deformation [52-53], is only beginning to be investigated. It also seems that 
our current understanding of metallic glass structures does not yet enable 
predictions of their stability. 
 
1. 3. Metallic glass thin films (MGTFs) 
20 
 
Research on metallic glass thin films (MGTFs) in the 1980s and 90s 
mainly concern immiscible binary systems. These include Cu-Ta and Cu-W 
deposited by evaporation [54], as well as Cu-Zr [55] and Al-Fe, Bi-Fe and Bi-
Ti [56] by sputtering. Additional early studies on binary systems are those on 
the annealing-induced solid-state amorphization of multilayer films [57-60]. 
In 1983, Schwarz and Johnson [57] fabricated the first La-Au MGTF by 
solid-state amorphization during annealing of evaporated La/Au multilayer 
films. In 1986, Newcomb and Tu [59] and Cotts et al. [58] used transmission 
electron microscopy (TEM) and differential scanning calorimetry (DSC), 
respectively, to characterize the solid-state amorphization of crystalline Ni/Zr 
multilayer thin films prepared by sputtering. Since then, some elemental 
multilayer films have been fabricated by evaporation and sputtering for solid-
state amorphization studies. See reference [61] for reviews and summaries of 
solid-state amorphization. 
Apart from binary systems and solid-state amorphization multilayer 
films, which are often limited to nanometer-scaled thicknesses and narrow 
composition ranges, multi-component MGTFs readily become amorphous in 
the as-deposited state with film thicknesses up to several, or even tens of, 
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micrometers. MGTFs gradually have received attention in scientific research 
for potential applications since the late 1990s because many new multi-
component MGs with good GFA in Mg-, Ln-, Zr-, Fe-, Pd-, Cu-, Ti-, and Ni-
based systems have been developed by Inoue and his group in the 1980s and 
90s [62]. Thin films prepared by vapor-to-solid deposition are expected to be 
farther from equilibrium than those prepared by a liquid-to-solid 
melting/casting process. Thus, the GFA can be further improved and 
composition ranges for amorphization are wider when formed by thin film 
processing such as sputtering [63, 64]. In fact, sputter deposition technology 
has been used for GFA determination of metallic glass systems, by varying 
the film composition and density when co-sputtered with Zr and Cu elemental 
targets [65]. 
Zr-Cu-Al and Pd-Cu-Si ternary MGTFs were sputter deposited for 
MEMS applications [66] and [67]. Because of excellent three-dimension 
forming ability, good corrosion resistance, and mechanical properties, 
compared to conventional crystalline film counterparts, Zr- and Pd-based 
MGTFs are appropriate choices for MEMS applications, such as conical 
spring linear micro-actuators. Zr-Al-Cu-Ni MGTFs prepared by sputter 
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deposition and focused ion beam patterning are reported for nano-device 
applications [68]. 
 
1. 4. Sputtering deposition  
Sputter deposition is the deposition of atoms that are vaporized from a 
solid target or source by bombarding the surface with energetic ions [69]. 
Grove first observed sputtering in a DC gas discharge tube in 1852. However, 
this technology has been used commercially only in the last forty years. 
Sputtering has been widely used for surface cleaning and etching, thin film 
deposition, surface and surface layer analysis, sputter ion sources and for the 
modification of the properties of thin films (implantation) depending on the 
ion energy range (1 eV to 10,000 keV) involved in the deposition [70]. The 
incident particles are usually inert gas ions, but any ion, neutral atom, 
molecule, or even photon can be used if the energy is sufficient.  
As schematically portrayed in Fig. 1. 1, in sputter deposition, the impact 
of the energetic particles on the target surface kinetically knocks one or more 
of the surface or near-surface atoms off their equilibrium sites. These atoms, 
which have received considerable kinetic energy from the initial particles, 
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move deeper into the target material and undergo further collisions. This 
process continues until eventually causes the ejection of atoms (sputtering) 
from the target surface [71]. 
The interaction of energetic ions with surfaces will also create a variety 
of interactions besides sputtering, such as generation of secondary electrons, 
neutrals, photons, and x-rays, and implantation of atoms into the substrate 
(Fig.1. 2). These interactions play an important role in the field of surface 
science, such as the ionization of atomic particles at/near surfaces, the 
modification of surfaces and surface analysis. For example, the emission of 
secondary electrons is essential for maintaining the discharged plasma. 
Optical emission from a glow discharge during sputtering can be used for 
process control and chemical analysis in the optical emission spectrometer 
(OES) [72]. 
The use of energetic ions in film deposition has numerous advantages 
in that controlled ion bombardment can lead to significant micro/nano 
structural modifications and properties. Ion-assisted deposition of materials 
can produce films with superior properties since the ion-assistance provides 
incident atoms with additional energy. A typical kinetic energy of sputter 
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deposition is 1-10 eV, which is orders of magnitude above that of typical 
evaporated particles. This added energy can modify the nucleation process, 
improve film adhesion, increase film density, change the film texture, trigger 
phase changes, influence film stress and change film microstructure. All these 
factors can be utilized to produce films with improved corrosion-resistance, 
hardness and optical, physical and wear properties.  
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Figure 1. 1. A schematic representation of physical sputtering processes. 
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Figure 1. 2. Schematic drawing of conventional plasma sputtering system. 
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1. 4. 1. Sputtering glow discharges 
Plasma assisted material processing includes such techniques as etching, 
film deposition, and modifications of solid surfaces. Most of the modern PVD 
processes are operating with additional ion or plasma enhancement to achieve 
films with good adhesion, mechanical and tribological properties [73]. In this 
section the plasma refers to a glow discharge that is used for sputter deposition 
of thin films.  
The most common methods for generation of a plasma (break down and 
ionization of a gas) include the DC discharge, pulsed DC discharge, RF and 
microwave discharge, dielectric barrier discharges, and using electron and 
laser beams [74]. Here, to describe the plasma architecture we use the 
simplest DC discharge that is generated in a vacuum chamber between two 
counter-electrodes by applying a DC voltage potential across the electrodes 
to break down the gas (e.g., Ar), as illustrated in Fig.1. 3. In general, a neutral 
gas always contains a few electrons and ions due to ionization, for example, 
produced by cosmic radiation [75].  
When a dc potential, Vc, is applied between the cathode and anode, these 
free charge carriers are accelerated by the electric field and new charged 
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particles may be created when these charge carriers collide with atoms and 
molecules in the gas or with the surfaces of the electrodes. This leads to an 
avalanche of charged particles that is eventually balanced by charge carrier 
losses, so that a steady-state plasma develops [74].  
The plasma between the cathode and anode consists of different 
distributions of potential, space charge and current density, as shown in Fig. 
1. 3 [76]. The edge of the plasma in contact with other surfaces is significantly 
different from the bulk plasma regions. A dark space or sheath is usually 
observed adjacent to all surfaces in contact with the plasma. As shown in Fig. 
1. 3, the cathode will repel secondary electrons at high velocity away from 
the cathode, leaving behind the ions with slow mobility. Therefore, the high 
net positive space charge near the cathode will form a sheath, which is called 
a ‘cathode dark space’.  
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Figure 1. 3. Spatical distribution of a DC glow discharges and the 
potential profile. 
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The cathode dark space is a region of the discharge where the electrical 
potential drops suddenly between the cathode and the edge of the negative 
glow and, as a result, there is an extremely low electron density. This lack of 
electrons results in low levels of excitation of the gas species in the region 
and, hence, the area appears dark. The negative column region is the brightest 
part of the discharge where the electric field is close to zero and most 
ionization collisions take place in this region. Following from the negative 
column is the Faraday dark space and the positive glow. In the homogenous 
positive column, a constant longitudinal electrical field is maintained. The 
electrons gain energy in this field and form an electron energy distribution 
with an appreciable number of energetic electrons for the formation of a 
sufficiently large number of ions and electrons to balance the charge carrier 
losses to the wall [74]. However, in a sputter deposition system, the 
interelectrode separation needs to be small in order to increas e the deposition 
rate. If the anode (substrate) is located in the negative column region, the 
positive glow and the Faraday dark space do not exist [75]. 
In sputter deposition, if an unbiased or grounded substrate is placed in 
the plasma, it will rapidly charge negatively due to the fact that electrons have 
31 
 
greater velocities than ions. The negative surface will attract ions and retard 
the electrons until the escaping fluxes of ions and electrons are equal. In this 
steady state, the potential on this surface is known as the floating potential 
and it is typically negative of the plasma potential and is given by Equation 
1. 8: 
𝑉𝑓 =
−𝐾𝑇𝑒
2𝑒
ln (
𝑚𝑖
2𝜋𝑚𝑒
)      (1. 8) 
where me and mi are the electron and ion masses respectively and Te is 
the electron temperature. Since the ion mass is 3-4 orders of magnitude higher 
than that of an electron, the floating potential will have a (negative) value 
several times the electron temperature in volts.  
In a vacuum system, the electrons would leave the plasma at a faster 
rate than ions, ending up at the vacuum chamber walls. The result for the 
plasma would be a slow increase in the net positive charge. As the plasma 
charges positively, it becomes less energetically possible for the electrons to 
leave, because now the walls of the chamber are more negative than the 
plasma. Eventually, a steady state condition is reached in which the plasma 
potential is high enough that the loss rate of electrons is reduced to the same 
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level as the loss rate of ions. In this way the plasma will retain its overall 
neutrality. The plasma potential Vp, which is now the average potential of the 
bulk plasma with respect to the chamber, will be on the order of several volts 
more positive than the chamber potential. Therefore, the plasma will remain 
the most positive body during a deposition process. As a result of this plasma 
potential, ions that reach the edge of the plasma are then accelerated with the 
same voltage to the chamber wall. In the sputter deposition process, a 
magnetron field is usually applied behind the cathode in an effort to confine 
the secondary electrons near the cathode region to increase the plasma density. 
The primary energy loss mechanism for ions in the cathode fall is quantum 
mechanical through resonant charge exchange collisions. In simple diode 
discharges, ions move only a relatively small fraction of the cathode fall 
distance (cathode sheath) before they experience a charge exchange collision 
and are no longer accelerated by the field. Since this type of reaction does not 
require physical collision, the neutralized particle continues towards the target 
while the newly created ion is itself accelerated over a small fraction of 
cathode sheath. As a result, the average energy of ions incident at the target 
is much less than 1 eV and the glow discharge sputter yields are less than 
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expected. However, this effect is partially mediated by sputtering due to fast 
neutrals [72]. 
 
1. 4. 2. Balanced/unbalanced magnetron sputtering 
More frequently, the sputter deposition is practiced in a plasma 
configuration (Fig. 1. 4 (a)). The simplest system still in use today is the diode 
sputtering deposition, which consists of the target and anode facing each other. 
In many cases, the anode is the chamber wall which is grounded and the 
cathode is then biased negatively. With the appropriate gas density and an 
adequate electric field between the anode and cathode, plasma can be formed 
by gas breakdown into ions within the chamber. Even though planar diode 
sputtering deposition is still used today due to its simplicity and the relative 
ease of fabrication of targets for a wide range of materials, it has several 
disadvantages. In diode sputtering, not all of the electrons escaping the target 
contribute to the ionized plasma glow area, thereby resulting in a low 
deposition rate. The wasted electrons are accelerated away from the target 
causing radiation and other problems, for example, the heating of the 
substrate. 
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Sputtering first achieved widespread use in research and industrial 
application with the introduction of magnetic assistance [77]. The use of 
magnetic fields to enhance the sputtering rate leads to the term magnetron 
sputtering. A magnetron sputtering source addresses the electron problem by 
placing magnets behind, and sometimes, at the sides of the targets. These 
magnets capture the escaping electrons and confine them to the immediate 
vicinity of the target (Fig. 1. 4 (a)). The ion current (density of ionized atoms 
hitting the target) is increased by an order of magnitude over conventional 
diode sputtering systems, resulting in faster deposition rates at lower pressure. 
The lower pressure in the chamber also helps create a cleaner film, and a 
lower target temperature enhancing the deposition of high quality films. 
Additional modifications to physical sputter deposition have been made to 
enhance the chemical and/or structural nature of the deposited films.  
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Figure 1. 4. A comparison of the magnetic configuration and plasma 
confinement in (a) a dc glow discharge generated in balanced magnetron 
sputtering and (b) dc glow discharge generated in unbalanced magnetron 
sputtering. 
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As mentioned above, the magnetic field behind the magnetron 
sputtering targets is designed to trap the electrons, and hence, the plasma in 
the vicinity of the substrate. In traditional planar balanced magnetron 
sputtering, the north and south magnets behind the targets are balanced (e.g. 
equal strength) (Fig. 1. 4 (a)) [78]. One of the disadvantages of the balanced 
magnetron source is that the plasma is effectively trapped near the surface of 
the sputtering target resulting in lower plasma density over large film volumes 
(Fig. 1. 4 (b)). Normally, ion current density (ICD) at target (cathode) (the 
current drawn per unit area of a negatively biased substrate) in conventional 
balanced magnetron sputtering is less than 1 mA/cm2 [78]. The problem was 
partially solved by adding auxiliary ionization sources or using RF. The other 
disadvantage is the poor deposition rate compared to thermal evaporation 
methods. 
In recent years many researchers have tried to overcome the 
disadvantages of magnetron sputtering and increase the plasma density. These 
developments include the unbalanced magnetron, closed field configuration 
of magnetrons, pulsed magnetronsputter deposition and High-Power Pulsed 
DC Magnetron Sputtering (HPPMS).The invention of the unbalanced 
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magnetron by Windows and Savvides in 1986 offered a better solution to 
enhance the plasma density. An unbalanced magnetron uses stronger magnets 
on the outside than the center resulting in the expansion of the magnetic field 
lines, pulling the electrons and plasma away from the surface of the target 
towards the substrate (Fig. 1. 4 (b)). The effect of the unbalanced magnetic 
field is to trap fast moving secondary electrons that escape from the target 
surface. These electrons undergo ionizing collisions with neutral gas atoms at 
locations away from the target surface and produce a greater number of ions 
and further electrons in the region of the substrate, thereby considerably 
increasing the plasma density and substrate ion bombardment (Fig. 1. 4 (b)). 
The ion current density (ICD) in unbalanced magnetron sputtering is 
increased to 2-10 mA/cm2 [78]. 
 
1. 5. Metallic glass matrix composites (MGMCs) and its thin 
films (MGMCTFs) 
Metallic glasses (MGs) are known to have unique mechanical properties, 
including high strength, relatively low Young’s modulus and perfect elastic 
behavior [79]. However, they show little overall room temperature plasticity, 
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but rather deform by highly localized shear banding, resulting in catastrophic 
failure [80]. Recent attempts to improve the ductility of the MGs have focused 
on the preparation of composite materials exhibiting a microstructure 
consisting of crystalline phases such as particles [81], fibers [82] or in-situ 
formed precipitates [83] dispersed in the metallic glass matrix.  
Nanocrystals are more efficient than micrometer-sized particles for 
improving the mechanical properties. Because nanoscale particles are free of 
defects (especially free of dislocations), the nano(quasi)crystals obtained 
either by partial devitrification or by quenching constitute a hard and 
nondeformable phase. Most effective microstructure to improve the ductility 
of MG is dendrite composite. The increase in plastic deformation is mainly 
due to the ductile nature of the particles and is accompanied by a significant 
decrease in the flow stress. In the first stage of deformation, the ductile 
dendritic phase begins to yield, and part of the load is transferred to the 
surrounding glassy matrix. Just after yielding, primary shear bands are 
initiated and propagate inside the glassy phase until they are blocked by the 
dendrites [84].  
Stress concentrations appear at the interface between the crystals and 
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the matrix and lead to the formation of microcracks, which accelerate the 
development of a long crack [85]. Thus strong interface between the 
secondary phase and the matrix should be also considered when alloy is 
designed.  
The metallic glass matrix composites have been found to exhibit 
enhanced plasticity, not generally observed in monolithic metallic glasses 
[86]. This deformation behavior stems possibly from the formation of 
multiple shear bands initiated at the interface between the reinforcing agent 
and the metallic glass matrix, and their confinement in metallic glass matrix 
composites [87]. The improved ductility may open the possibility to 
overcome the limited applications of monolithic metallic glasses that fail 
catastrophically with little plastic elongation in an apparently brittle manner, 
although the MGs usually have high strength, high hardness and excellent 
corrosion resistance. However, conventional melting methods, such as 
producing dispersed nanocrystals through the partial devitrification of MGs 
[88, 89], adding crystalline particles to the melt prior to casting [81], or 
precipitating a dendritic intermetallic phase from the melt [87], hvae a 
limitation for the fabrication of amorphous phase incorporation with noble 
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metals such as Ta, W, Nb, and Mo by the conventional melting method, due 
to their high melting points and high densities (Mo (2896 K, 10.2 g/cm3), Ta 
(3269 K, 16.6 g/cm3), W (3695 K, 19.25 g/cm3) and Nb (2742 K, 8.6 g/cm3)). 
Recently, the synthesis of metallic glass thin films (MGTFs) using the 
sputtering method was attempted, due to the various uses of these MGs as 
medical tools, implants, or engineering materials [90-92]. Through the 
sputtering method, the solubility, size, and amounts of the reinforcement 
elements in amorphous matrices could be controlled by adjusting the 
deposition parameters. The solubility of constituent elements and the range 
of glass-forming composition by these sputtering techniques are much higher, 
and are greater than those of the liquid-quenching process for bulk- or ribbon-
type metallic glasses [93, 94]. The Zr-Cu-Ti-Ta MGTFs with the refractory 
element of Ta were synthesized via sputtering and had improved mechanical 
properties, as compared to Zr-Cu-Ti MGTFs without Ta [64]. Among the 
refractory metals, molybdenum exhibits superior engineering properties, such 
as high tensile ductility and high elastic modulus. Also, molybdenum and its 
compounds show excellent tribological behavior due to the formation of 
lubricious oxides of MoO3 during wear processes, such as sliding or 
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machining [95]. Therefore, the fundamental characteristics of refractory-
element-based metallic glass thin films (MGTFs) and refractory-element-
reinforced metallic glass matrix composite thin films (MGMCTFs) must be 
further investigated to determine their potential engineering and functional 
applications. 
 
1. 6. Mechanical properties of MGs and MGMCs  
In the tightly packed glassy structure, the displacement of atoms is 
obstructed. Therefore, the metallic glass absorbs less energy upon stress 
induced deformation through damping and returns more by rebounding 
elastically to its initial shape [96]. With no crystal defects, mechanical 
properties combine to produce a material with the properties such as high 
yield strength, hardness, toughness, large elastic limit, and lower elastic 
modulus etc. [97]. Since these properties can rarely be found in crystalline 
materials, the MGs are attractive for the practical applications as a new class 
of structural as well as functional materials.  
MGs have an Achilles’ heel: an almost total lack of tensile ductility at 
room temperature. This problem, to some extent, hampers application as 
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structural components. Hence metallic glass matrix composite was introduced 
to supplement the poor plasticity of monolithic metallic glasses. However, A 
wide range of researches in various metallic glass systems has shown the 
possibility that some of monolithic metallic glasses possess intrinsic plasticity, 
which needs more intensive work to understand its origin. 
 
1. 6. 1. Plastic deformation 
The development of MGs has resulted in numerous recent studies of the 
flow behavior of this unique material system. Flow is believed to occur via a 
diffusion process involving the rearrangement small numbers of atoms. The 
deformation response of MGs as affected by temperature, stress and strain 
rate is illustrated in the schematic deformation mechanism map of Fig. 1. 5. 
At high temperatures and low strain rates the deformation is “homogeneous” 
while at lower temperatures and higher strain rate it becomes 
“inhomogeneous” [43]. In Fig. 1. 5 at low stresses, viscous flow is first 
supplanted by viscoelastic deformation and then by linear elastic deformation 
as temperature is decreased. Viscous flow, in which the strain rate scales 
linearly with the stress, is the dominant deformation mechanism at 
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temperatures down to below Tg. The viscoelasticity of MGs is caused by 
recoverable atomic adjustments occurring in response to an applied stress. 
Since the readjustments occur throughout the volume of the MG, viscoelastic 
strains of MGs are much greater than those arising from the very small 
fraction of atoms available to affect grain boundary viscoelasticity in 
polycrystals. Homogeneous flow results in uniform deformation by which 
each volume element of the MG contributes to the strain. In the 
inhomogeneous flow region in Fig. 1. 5, permanent deformation is confined 
to small shear bands. 
Plastic flow in MGs occurs in the form of highly localized shear 
deformation bands. Multiple shear bands are observed when the mechanical 
constraint is such that catastrophic instability is avoided – e.g., in uniaxial 
compression; in bending, rolling and drawing; and under localized 
indentation. 
The appearance of intensely localized shear flow is sufficient to 
demonstrate the absence of work hardening in metallic glasses. Due to the 
absence of work hardening (or, alternatively, evidence for its absence), 
deformation of MG filaments loaded in uniaxial tension is mechanically 
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unstable, with failure occurring coincident with yielding. In the case of wires, 
deformation initiates catastrophic shear instability; in the case of wires, 
deformation initiates a catastrophic shear instability; in the case of ribbons, 
appropriately prepared to eliminate the tendency to tear, and pulled at ambient 
temperature, incipient necking immediately precedes catastrophic shear 
instability.  
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Figure 1. 5. Schematic deformation mechanism maps for metallic glasses 
including linear elastic and viscoelastic regions.  
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The essential distinction between homogeneous and inhomogeneous 
flow in MGs is related to the amount and distribution of free volume within 
the glass. At higher temperature, the greater free volume is fairly uniformly 
distributed so that many widely separated atoms are able to undergo atomic 
displacements, and this lead to homogeneous flow. A lower temperature, the 
free volume is less. A local dilatancy (expansion) accompanies the first 
atomic displacements at the high stresses associated with shear band 
formation this induces a greater local free volume that catalyzes further 
localized flow, resulting in propagation of the shear band. The shear bands 
exhibit an increased chemical activity is considered supportive evidence of 
the greater atomic volume within the band. Further, the difference in volume 
between the material within a shear band and the undeformed adjacent 
material leads to a stress concentration at the interface between this regions.  
In an alternative approach, notion of shear transformation zone (STZ) 
was introduced [47]. It suggested that deformation of metallic glasses and 
liquid is accommodated by plastic rearrangements of atomic regions that 
involve tens of atoms, termed STZs. Johnson group employed a cooperative 
shear flow analysis, modeling the shear flow as configurational hopping 
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between inherent states that overcomes an activation barrier in the potential 
energy landscape [98, 99]. The new rheological model is termed a 
‘cooperative shear model’. They systematically illustrate, from experimental 
and simulation results for metallic glass forming liquids, the key correlations 
established between viscosity, shear modulus, and potential energy, for a 
wide temperature range encompassing both Newtonian and non-Newtonian 
flow regimes. They supported that the STZ hypothesis by Argon is consistent 
with the classical thermodynamic theories of liquids and glasses based on the 
concept of potential energy landscapes [100, 101].  
The cooperative rearrangement in the STZ produces a residual increase 
in free volume with flow. Although this free volume model for flow is 
generally accepted and experimental results confirm an increase in free 
volume with deformation [102, 103], the details of free volume site size, 
shape, and local atomic environment as well as the atomic rearrangements 
required for flow are areas of active research. 
Shear fracture takes place by separation along the active shear band. The 
fracture surface displays a “river” pattern, namely vein pattern which consists 
of fine ridges; the pattern can be mimicked by shearing and pulling apart two 
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glass slides separated by a thin layer of Vaseline. Because of this appearance, 
it has been suggested that the material about to fail in a shear band behaves 
liquid like manner. The idea has appeal for the increased atomic volume in a 
shear band results in a lesser viscosity, one characteristic of a temperature 
greater than that of the test temperature. 
The micromechanical deformation mechanisms responsible for the 
unique mechanical properties of MGs are still not very well understood. Grain 
boundaries, dislocations, mechanical twinning, and other important 
components of the deformation of crystalline metals are not directly 
applicable to MGs.  
 
1. 6. 2. Crystallization 
Since the deformation energy is concentrated in the shear bands, it can 
lead to the formation of nanocrystals either by directly imposing large 
permanent strain for atomic rearrangement or by inducing adiabatic heating 
enabling the long-range atomic diffusion. The electron microscopy of the 
shear band in recent time revealed that nanocrystals can form in the shear 
bands during deformation in several glasses and origin of these nanocrystals 
is subjected to a debate.  
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Chen and Wang et al. suggested that fracture is initiated by adiabatic 
shear [104]. They suppose that the plastic zone becomes heated to 
temperatures exceeding the Tg by adiabatic release of the deformation energy. 
Bruck and Johnson et al. reported temperature increases due to adiabatic 
heating occur after the onset of inhomogeneous deformation [105]. It was also 
found that temperature increasing within shear band after the specimen failed 
may be approached near the melting point of metallic glass [106, 
107].Recently, Lewandowski et al. have shown an evidence of melting of 
coated Sn on the surface near the shear band after compression test and four 
point bending test in Zr41.25Ti13.75Ni10Cu12.5Be22.5, (Cu50Zr50)92Al8, and 
La55Al25Cu10Ni5Co5 alloys [108, 109]. It clearly shows that the temperature 
increased above 505 K, the melting temperature of Sn. Additionally, 
estimation of the temperature rise, which, depending on the duration of the 
shear, implies that it may be several thousand degrees. Another calculated 
temperature from light emission during Charpy V-notch impact experiment 
in Zr-based alloy, Vit. 1, has been suggested to be 3175 K [107]. In addition, 
it was also pointed to a substantial temperature rise near the fracture surface 
could be close to the melting temperature. [110]  
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On the one hand, experimental results supporting that excess free 
volume is the dominant factor for the nanocrystallization have been also 
reported. Nano-crystallization inside the shear band after bending test of Al-
based alloy ribbon has been reported previously [106, 111, 112], even at a 
low temperature of 233 K, although the generated heat is conducted away so 
rapidly from the shear band to the rest of the sample on a nanosecond scale. 
Furthermore, Kim et al. have suggested that temperature increase is only 0.5 
K in the shear band which takes place after nano indentation [113]. These 
studies support that deformation itself without temperature rising can lead to 
local atomic displacement resulting in the changes of topological and 
chemical short range order in the shear band. In addition, an attempt to infer 
a temperature rise by numerical study in Mg0.85Cu0.15 metallic glass alloy 
suggests that temperature rises between a few K and 100 K, but definitely 
below the glass transition temperature in tensile mode [114]. However, the 
microscopic mechanism for the deformation-induced crystallization is not 
clearly solved yet.  
In plastic deformation, almost all of the work done on the sample is 
dissipated as heat. If the deformation is heavily concentrated in a few bands, 
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one can expect a substantial increase in temperature and a corresponding drop 
in viscosity. Because the shear bands are thin, move fast (close to the sound 
speed) and are short-lived, it is not easy to measure this temperature rise 
directly. Although infrared measurements clearly show temperature rises, the 
spatial and temporal resolution (10 µm and 10 µs, respectively) of these 
techniques are too low to allow accurate determination of the temperature 
evolution in the band [115]. The local heating cannot be the origin of the shear 
localization. Nevertheless, as a secondary effect it remains important to the 
evolution of the material in the bands, and to accompanying phenomena such 
as the nucleation of small crystals sometimes seen after deformation [106]. 
Therefore, various technical approaches to elucidate the temperature rise in 
the shear band should be employed in the form of simulations with 
appropriate conditions and experiments.  
Recently, some reports suggested that nanocrystallization during 
deformation can enhance the plasticity of the metallic glasses. It appears that 
the middle range order, shear transformation zones, and critical-sized 
crystalline nuclei exist on the same length scale of 1~2 nm in metallic glasses 
[116]. The plastic deformation response is expected to depend on how the 
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middle range order evolves with deformation and more particularly how the 
middle range order affects the operation and percolation of shear 
transformation zones and the possible formation of nanocrystals. Hajlaoui 
showed that during in situ straining in TEM, nanocrystals grown in shear 
bands delocalized the shear and deviated and blunt cracks of (Cu50Zr50)98Fe2 
[117]. Kumar has investigated the structure of shear bands in Zr-Cu-Al MGs 
suggesting that the high plasticity is related with the nanocrystallization in the 
shear band during deformation [118]. They insist that the exceptional 
plasticity in Cu-Zr-based alloy can be due to the crystallization during plastic 
deformation. Lee explains that low activation energy for crystallization in 
some Cu-Zr alloys canfacilitate the formation of nanocrystals and further 
increase of plasticity [119]. Unfortunately, it has been known that Cu-Zr-
based alloys are vulnerable to electron beam, ion beam and oxidation [98]. 
Thus, more careful investigation and discussion explanation about the exotic 
plasticity in Cu-Zr-based alloy are necessary to be carried.  
 
1. 6. 3. Strength and Young’s modulus  
From the earliest studies of metallic glasses, it was clear that they have 
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a range of interesting properties. Early work focused on the soft magnetic Fe-
based glasses, which are highly applicable in the electronics industry. Current 
work, made possible by the availability of bulk samples, is largely on 
mechanical properties.  
Metallic glasses have strengths close to Frenkel’s theoretical limit of a 
tenth of the shear modulus [120]. MG rods of Co-Fe-Ta-B [121] and Co-Fe-
Ta-B-Mo [122] achieved record room-temperature compressive fracture 
strengths (σf) of 5.2 GPa and 5.5 GPa, respectively, approachingthe 
theoretical strength. Fig. 1. 6 shows elastic limit and fracture toughness 
plotted against Young’s modulus in comparison with conventional other 
materials (metals, alloys, ceramic, glasses, polymers) [123]. The metallic 
glasses stand out, lying at the upper edge of the populated region. They have 
high strength (the highest known exceeds 5 GPa [124, 125]), which shows a 
correlation with Young’s modulus. The contours on Fig. 1. 6 show the 
property combinations or material indices σy/E (yield strain) and σy2/E 
(resilience; ability to store elastic energy), where σ, ρ, and E are respectively 
the yield strength, mass density, and Young’s modulus. MGs show a larger 
yield strain (~ 2 %, as compared with 0.2 % for crystalline materials) and 
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storing more elastic energy per unit volume than any of the other 1500 
materials on the plot.  
The low Young’s modulus is probably due to the less efficient packing 
of atoms-greater atomic volumes, with a consequent larger average 
interatomic distance. So their higher Poisson ratios (ν), which is the ratio of 
the relative contraction strain, or transverse strain (normal to the applied load), 
divided by the relative extension strain, or axial strain (in the direction of the 
applied load), indicate that metallic glasses are slightly less compressible than 
in their crystalline forms. The somewhat greater glass Poisson’s ratio 
compensates for the lower elastic modulus.  
Many Fe-based MGs show σf of ~4 GPa [124], Ni-based show ~3 GPa, 
and both Zr- and Cu-based show 2 GPa. The hardness and fracture strength 
of MGs are correlated [125] with Young’s modulus E and other characteristic 
properties (e.g., the glass-transition temperature Tg) of MGs [126].The 
correlation with Tg is particularly clear for the hardest alloys: as Tg increases 
from near 700 K to more than 900 K, σf increases from less than 2 GPa to 
greater than 5 GPa.  
The metallic glasses remarkably show Gc ranging over four decades, 
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nearly the full known range for all material types as shown in Fig. 1. 6 (b). In 
Vitreloy 1 (Zr41.25Ti13.75Ni10Cu12.5Be22.5), for example, the tensile yield 
strength σy is 1.9 GPa and Young’s modulus E is 96 GPa [127]. The fracture 
toughnesses (KIC) (a measure of load-bearing capacity before fracture) of Zr-
based [128], Cu-based [129], Ti-based [130], and Pd-based [131] glasses are 
higher (45-85 MPa m1/) than that of Fe-based [132] or Mg-based [130] 
glasses (2~4 MPa m1/2)  
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Figure 1. 6. (a) Elastic limit σy plotted against modulus E for 1507 metals, 
alloys, metal matrix composites and metallic glasses. The contours show 
the yield strain σy/E and the resilience σy2=E. (b) Fracture toughness and 
modulus for metals, alloys, ceramic, glasses, polymers and metallic 
glasses. The contours show the toughness Gc in kJ m-2. 
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1. 6. 4. Fracture toughness and hardness/elastic modulus (H/E) ratio 
Engineering applications for films either require, or would receive 
significant benefit from increased toughness and lower friction. In particular, 
“high fracture toughness” is necessary for applications where high contact 
loads and, hence, significant substrate deformations, are encountered [131]. 
A material is generally considered tough if it possesses both high strength and 
high ductility. High hardness (H) is directly related to high elastic modulus 
(E) and high yield strength, but it is very challenging to add a measure of 
ductility. For example, the films designs for engineering applications, as 
stated earlier, prevent dislocation activity (in the crystallites) or shear band 
propagation (in the metallic glasses) , essentially eliminating one common 
mechanism for ductility. Therefore, designs that increase ductility must also 
be considered to provide tough tribological films. G.M. Pharr [132] has 
suggested that an indication of ‘fracture toughness’ (i.e. resistance to crack 
propagation, H/E ratio) can be obtained by examining the surface radial 
cracks created during indentation, described by the equation: 
𝐾𝑐 = 𝛼1 (
𝐸
𝐻
)
1/2
(
𝑃
𝑐3/2
)      (1. 9) 
where P is the peak indentation load, c the radial crack length and α1 is 
58 
 
an empirical constant related to the indenter geometry. Kc describes the 
‘critical stress intensity’ for crack propagation; however, it is not an intrinsic 
parameter which can be used to measure directly fracture toughness. Based 
on Griffith’s crack propagation theory, the ‘critical strain energy release rate’ 
(per crack tip) Gc is arguably a more reliable measure of fracture toughness 
[133] and can be related to Kc by the following equation.  
𝐾𝑐 = (𝐸𝐺𝑐)
1/2 (for plane stress)      (1. 10) 
𝐾𝑐 = [
𝐸𝐺𝑐
(1−𝑣2
]
1/2
 (for plane strain)      (1. 11) 
where ν is Poisson’s ratio (ν≈ 0.3 for most metals). Substituting 
Equation 1. 10 into Equation 1. 9 and rearranging gives a measurable 
indicator of fracture toughness, i.e. 
𝐺𝑐 = 𝛼2 (
𝑃2
𝐻𝑐3
)      (1. 12) 
Thus, if P is known and H and c can be measured accurately, a numerical 
ranking of relative film fracture toughness should be obtainable by low-load 
indentation. Of more practical and commercial relevance, however, would be 
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the correlation of such measurements to actual durability in dynamic 
tribological tests such as ball-on-disk. 
For ductile materials, the Irwin–Orowan modification to the Griffith 
(linearelastic fracture based) equation gives the critical stress σc for fast 
fracture as 
𝜎𝑐 = [(2𝛾𝑠 + 𝛾𝑝)
𝐸
𝜋𝑎
]
1/2
      (1. 13) 
where a is the critical crack size. The (2γs+γp) function, in which γp is 
the plastic contribution (associated with crack tip blunting) to the energy 
required for fracture, describes the fracture toughness Gc [133]. For ductile 
materials, γp maybe many times larger then the γs term, which describes the 
free energy of the crack surfaces. Inserting Gc in Equation 2.12 and 
rearranging yields  
𝐺𝑐 = 𝜎𝑐
2 (
𝜋𝑎
𝐸
) ∝ (
𝐻2
𝐸
) ∝ (
𝐻
𝐸
)      (1. 14) 
Thus, fracture toughness would appear to be improved by both a high 
critical stress for fast fracture (which implies a need for high hardness) and a 
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‘low elastic modulus’. 
In addition, Matthew proposed that the H/E ratio is also important 
because it provides an indication of the ‘resilience’ of a surface (i.e. its ability 
to absorb elastic energy). 
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Figure 1. 7. A simple tensile test as an illustration of the energy absorbed 
which is calculated as the area under the load-extension graph. 
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Thus, the energy absorbed can be descried by the equation under the 
load extension curve in Fig. 1. 7. : 
Energy absorbed(i. e, Area) =
1
2
𝑃𝑥      (1. 15) 
Since 
 σ =
P
A
; and ϵ =
x
l
 
Therefore,  
Energy absorbed(i. e, Area) =
1
2
𝑃𝑥 =
1
2
𝜎𝐴𝜀𝑙 =
1
2
𝜎𝜀𝑉 =
1
2
𝜎2
𝐸
𝑉 ∝ (
𝐻2
𝐸
)
∝ (
𝐻
𝐸
) 
Thus, a high H/E indicates a surface’s ability to absorb energy and 
recover elastically. This is particularly important for aerospace applications, 
e.g. landing gear parts, in where high contact loads.  
Recently, Leyland and Matthews [134] discussed the significance of 
H/E and fracture toughness in determining tribological behavior and 
confirmed that high hardness and low elastic modulus shows a superior 
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tribological behavior for nanocomposite films on typical industrial substrate 
materials. Therefore, in this thesis study, the H/E values will be calculated 
and discussed with hardness, fracture toughness, and wear resistance of the 
each film.  
 
1. 6. 5. Hardening mechanism of nanocomposite structure 
The initial model proposed by Veprek to explain hardness in 
nanocomposites is that dislocation operation is suppressed in small grains (3-
5 nm) and that the narrow space between them (1 nm separation) induces 
incoherence strains [130, 141]. The incoherence strain is likely increased, 
when grain orientations are close enough to provide interaction between 
matched but slightly misoriented atomic planes. In the absence of dislocation 
activity, Griffith’s equation, as shown in Equation 1. 9, for crack opening was 
proposed as a simple description of the nanocomposite strength. This 
equation suggests that strength can be increased by increasing elastic modulus 
and surface energy of the combined phases, and by decreasing the crystalline 
grain sizes. It is noted that elastic modulus is inversely dependent on grain 
sizes that are in the nm size range due to lattice incoherence strains and the 
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high volume of grain boundaries [142]. In practice, grain boundary defects 
always exist, and a 3 nm grain size was found to be close to the minimum 
limit. Below this limit, a reverse Hall–Petch effect has been observed and the 
strengthening effect disappears because grain boundaries and grains become 
indistinguishable and the stability of the nanocrystalline phase is greatly 
reduced [135]. 
Nanocomposites with metal matrixes are in a special category for this 
discussion. They have been demonstrated to increase hardness, but also have 
good potential for increasing toughness. Mechanisms for toughening within 
these systems are discussed in the next section, while mechanisms for 
hardening are discussed here. The composite strength of nanocomposites may 
be described by the following form of the Griffith–Orowan model [139] when 
the dimensions of the metal matrix permit operation of dislocations:  
𝜎𝑐 = √
2𝐸(𝛾𝑠+𝛾𝑝)
𝜋𝑎
𝑟𝑡𝑖𝑝
3𝑑𝑎
       (1. 9) 
where γp is the work done during plastic deformation, rtip is the curvature 
of the crack tip, and da is the interatomic distance. It is noted that crack tip 
blunting and the work of plastic deformation considerably improve material 
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strength, while the lower elastic moduli of metals cause a reduction in 
strength as compared to ceramics. However, in nanocomposites, dislocation 
operation may be prohibited because the separation of grains is very small. 
For example, the critical distance for a Frank-Read dislocation source is very 
small. Matrix dimensions in hard nanocomposite films are from 1 to 3 nm, 
which is well below the critical size for dislocation source operation, even in 
very soft metal matrixes. Therefore, the mechanical behavior of such 
nanocomposites can be expected to be similar to that of metallic matrix 
composites.  
Composite designs that increase elastic modulus and hardness, 
generally do not impart high toughness. First, dislocation mechanisms of 
deformation are prohibited and crack opening is the predominant mechanism 
for strain relaxation when stresses exceed the strength limit. Second, 
Griffith’s equation does not take into account the energy balance of a moving 
crack, which consists of the energy required to break bonds and overcome 
friction losses, potential energy released by crack opening, and kinetic energy 
gained through crack motion [137]. From crack energy considerations, a high 
amount of stored stress dictates a high rate of potential energy release in the 
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moving crack. In such conditions, a crack can achieve the self-propagating 
(energetically self-supporting) stage sooner, transferring into a macrocrack 
and causing brittle fracture. However, nanocomposites contain a high volume 
of grain boundaries between crystalline and amorphous phases. This type of 
structure limits initial crack sizes and helps to deflect, split, and blunt growing 
cracks.  
 
1. 6. 6. Tribological behavior 
Tribological films where a low friction coefficient is also required by 
producing nanocomposite films with a mix of hard and lubricating phases, in 
which a hard primary phase provides wear-resistance and loadbearing 
capability and a lubricating secondary phase reduces the friction between two 
contacting components.  
One current challenge in tribological films research is to obtain films 
with low coefficients of friction in varying environmental conditions. This is 
especially important for aerospace applications. Satellites that are designed 
for hard vacuum in space are also exposed to moisture during launch as well 
as extreme temperature fluctuations. Solid lubricants that impart low friction 
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behavior in one environment do not generally perform well in another. For 
example, dichalcogenides like WS2 and MoS2, can provide low friction in 
vacuum conditions, but do not work well in high humidity environments by 
themselves [143]. Similarly, graphite can provide low friction in humid air 
but not in vacuum. For such applications a composite film that can adapt itself 
to provide good friction and wear performance in multiple environments is 
desirable. Voevodin [131] have previously reported on adaptive ‘chameleon’ 
nanocomposite films where excellent tribological properties are achieved in 
varying environments, as shown in Fig. 1. 8. These films have a combination 
of solid lubricant components that give low coefficients of friction in both 
humid environments and in vacuum. The films also have nanocrystalline 
oxide phases that impart high hardness and wear resistance. A nanocomposite 
system of particular interest includes yttria-stabilized zirconia (YSZ), 
diamond like carbon (DLC), and MoS2. This film system provided good 
friction properties in dry and humid conditions and survived up to 10,000 
cycles at elevated temperatures [77].  
In this research project, tribological films where a low friction 
coefficient and wear loss is also required may be obtained by producing 
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nanocomposite films with a mix of hard and lubricating phases, in which a 
hard primary phase provides wear-resistance and load-bearing capability and 
a lubricating secondary phase reduces the friction between two contacting 
components. 
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Figure 1. 8. Schematic representation of a tough nanocomposite film 
design, combining a nanocrystalline/amorphous structure with a 
functionally gradient interface 
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1.7. Purpose of the present research 
In this work, Zr-Cu-based MGTFs with various Mo contents were 
synthesized by a DC magnetron co-sputtering technique for improvement of 
the mechanical properties.  First, Zr-Cu MGTFs were prepared and the 
stress induced crystallization was observed by microstructural observation 
beneath the Knoop indentation. Furthermore, addition of Mo in Zr-Cu 
MGTFs were carried out for mechanical properties enhancement. Finally, the 
mechanisms to improve the mechanical properties were discussed. 
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CHAPTER 2. 
Experimentals 
 
2. 1. Preparation of sputtering target and substrate material  
2. 1. 1. Zr65Cu35 alloy target  
There are a number of techniques used to produce compound and 
composite targets, for example; hot pressing and sintering, hot isotactic 
pressing, and plasma spraying of the component materials. An alternative 
technique, namely, SPS (spark plasma sintering), was used to synthesized the 
Zr65Cu35 sputtering targets used in this work. The sintered Zr65Cu35 alloy 
target was consisted of 65 atomic percent Zr and 35 atomic percent Cu. A 
fully dense Zr65Cu35 sputtering alloy target with diameter of 80 mm and 
thickness of 10 mm was fabricated from mixed powders using the spark 
plasma sintering (SPS) technique. The starting material Zr (99.9% purity, 11 
μm) and Cu (99.5% purity, 11 μm) powders with a designed nominal 
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compositions of Zr65Cu35 was mixed by a 3 D ball-mixing for 15 hours in Ar 
atmosphere. The sintering temperature was 850 °C, holding for 10 min, under 
a pressure of 40 MPa (200 kN load). Fig. 2. 1 is the X-ray diffraction pattern 
of target sample, with Zr, Cu and ZrCu alloy phase being identified. Various 
Zr phases, Cu phases and Zr-Cu compound phases (Zr10Cu7, CuZr2, etc.) were 
observed in the XRD result. EPMA results showed that the target had an 
atomic composition of Zr : Cu : O = 0.648 : 0.349: 0.03.  
 
2 .1. 2. Pure molybdenum target  
A pure molybdenum target (99.99%) was used in this work. The 
molybdenum target was provided by Kurt J. Lesker Company.  
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Figure 2. 1. The XRD patterns of the Zr65Cu35 alloy target fabricated by 
the spark plasma sintering technique. 
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2. 1. 3. AISI 304 stainless steel and silicon substrate  
The mirror polished AISI 304 stainless steel (surface finishing #8 with 
a typical surface roughness of 20-30 nm) and single crystalline (100) oriented 
silicon wafer were used as the substrate materials for the film deposition. The 
main properties and elemental composition of the AISI 304 stainless steel 
substrate are presented in Table 2. 1 and 2. 2. The dimensions of the glass 
slide were 26 × 77 × 1 mm3. The AISI 304 stainless steel and silicon substrates 
were ultrasonically cleaned in acetone and ethyl alcohol for 30 minutes 
respectively and mounted on a coupon holder prior to all film depositions. 
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Table 2. 1. Physical and mechanical properties of AISI 304 stainless steel 
substrate. 
Properties Values  
Density [×1000 kg/m3]  8  
Hardness [GPa]  5.6  
Elastic modulus [GPa]  218.5  
Poisson’s ratio  0.27 to 0.30  
Tensile strength [MPa]  579  
Yield strength [MPa]  258  
Elongation [%]  40  
Thermal expansion [×10-6/℃]  17.2  
Thermal conductivity [W/m∙K]  16.2  
Electric resistivity [×10-9W∙m]  720  
 
Table 2. 2. Composition of AISI 304 stainless steel substrate. 
Element C Mn Si Cr Ni P S 
Weight [%] 0.08 2.00 1.00 18.0-20.0 8.0-10.5 0.045 0.03 
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2. 2. Film deposition  
The film depositions were carried out in direct current (DC) unbalanced 
magnetron sputtering (UBMS) system. The UBMS system is equipped with 
two unbalanced magnetrons/targets uniformly were installed in opposite sides 
of the cylindrical deposition chamber wall to provide both a high sputtering 
rate and a high plasma density. Two cylindrical targets (Zr65Cu35 and Mo) of 
100 mm in diameter were used in the unbalanced magnetrons to generate the 
Zr, Cu and Mo fluxes. A schematic drawing of the top view of the UBMS is 
presented in Fig. 2. 2.  
  
89 
 
 
 
 
Figure 2. 2. Schematic diagram of a DC unbalanced magnetron 
sputtering system for depositing thin films. 
  
Substrate  
(Steel, Si wafer) 
Rotary pump 
Cryo pump 
Sputter gun 
ZrCu target 
Cryo 
Compressor 
Ar 
Sputter gun 
Mo target 
Ar 
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2. 2. 1. Deposition of Zr65Cu35 metallic-glass thin film  
Binary Zr65Cu35 metallic glass thin film was deposited on single 
crystalline (1 0 0)-oriented Si substrate, using a direct current (DC) 
unbalanced magnetron sputtering technique with Zr65Cu35 sputtering target. 
A rotational substrate holder was located facing the sputter target, with a 
100mm distance from the sputter sources to the substrate. The Si substrates, 
with a size of 30mm × 40mm × 0.7mm, were cleaned in an ultrasonic 
cleaner using acetone and alcohol for 30 minutes, respectively. The chamber 
was evacuated to less than 6.6×10−3 Pa. The ZrCu alloy films were deposited 
at a working pressure of 0.4 Pa by injecting Ar gas near the target. The 
chamber temperature was maintained at room temperature to minimize 
nanocrystal nucleation during deposition. Prior to deposition, the substrates 
were cleaned further by Ar ion bombardment at a bias voltage of -700 V for 
10 min. A sputter current of 1.5 A was supplied to the substrate, which was 
fixed facing the sputtering target with a target-substrate distance of 
approximately 6 cm. The film thickness was controlled to approximately 3 
μm by controlling the deposition time. Typical deposition conditions for films 
are summarized in Table 2. 3.  
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Table 2. 3. Typical deposition conditions of Zr65Cu35 films for the DC 
unbalanced  
magnetron sputtering technique. 
 
Properties Values  
Base pressure 6.6 x 10-3 Pa 
Working pressure 0.4 Pa 
Sputter target Zr65Cu35 
Working gas ratio Ar = 30 sccm 
Sputter current 1.5A 
Substrate temperature Room temperature 
Typical film thickness 3 ㎛  
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2. 2. 2. Deposition of Zr-Cu-Mo metallic thin films  
Ternary Zr-Cu-Mo metallic glass thin films were deposited on single 
crystalline (1 0 0)-oriented Si and AISI 304 substrates, using a direct current 
(DC) unbalanced magnetron sputtering technique with Zr64Cu36 and Mo 
sputtering targets. The sputter sources were installed in opposite sides of the 
chamber wall to enable co-sputtering of the elements. A rotational substrate 
holder was located facing the two sources, with a 100mm distance from the 
two sputter sources to the substrate. The Si substrates, with a size of 30mm 
× 40mm × 0.7mm, were cleaned in an ultrasonic cleaner using acetone and 
alcohol for 30 minutes, respectively. The chamber was evacuated to less than 
6.6 × 10-3 Pa, and the chamber temperature was set to room temperature. 
The Zr-Cu-Mo thin films were deposited at a working pressure of 0.4 Pa. Prior 
to deposition, the substrates were further cleaned by an Ar ion bombardment 
at a bias voltage of -700 V for 10 minutes to increase the adhesion between 
the film and the substrate. In order to synthesize the films with various Mo 
contents, the DC sputter current for the Zr64Cu36 source was fixed at 1.2 A, 
while the DC sputter current of the Mo source varied between 0 A and 1.0 A. 
The film thickness was controlled at approximately 2 µm by altering the 
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deposition time. The other deposition conditions are list in Table 2. 4. 
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Table 2. 4. Typical deposition conditions of Zr-Cu-Mo films for the DC 
unbalanced  
magnetron co-sputtering technique. 
 
Properties Values  
Base pressure 5.0 x 10-5 torr 
Working pressure 3.0 x 10-3 torr (0.4 Pa) 
Sputter target Zr(65 at.%)-Cu(35 at.%) 
Working gas ratio Ar = 30 sccm 
Sputter current 1.2A 
Substrate temperature Room temperature 
Typical film thickness 2 ㎛  
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2. 3. Composition and microstructure characterization  
Characterization of the Zr65Cu35 metallic glass thin film and the Zr-Cu-
Mo metallic glass thin films was conducted in terms of their morphology, 
composition, crystallinity and microstructure leading to understanding of the 
relation between film microstructure and properties of the Zr65Cu35 film and 
the Zr-Cu-Mo films using the technologies below.  
 
2. 3. 1. Electron probe micro-analysis (EPMA)  
Compositional analyses of the films to determine the contents of 
zirconium, copper and molybdenum were also carried out by electron probe 
micro-analysis (EPMA, Shimadzu, EPMA 1600). An EPMA provides much 
better results than standard EDS (energy dispersive spectroscopy) system. 
Because of the internal properties of WDS (wavelength dispersive 
spectroscopy), the general sensitivity, analysis of light elements and risks of 
erroneous interpretation of qualitative spectra are all superior with EPMA.  
 
2. 3. 2. X-ray diffraction (XRD)  
The film’s phase structure, texture and orientation were determined 
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using an X-ray diffractometer (XRD; D8, ADVANCE) with Cu-Kα radiation 
(a wavelength of 1.54054 Å). All films were measured over a scan range of 
20°- 80° 2θ with a 0.02° step size and a 2 s dwell time per step. Crystal 
orientations were compared with JCPDS cards for relevant phase 
identification and also checked by examining the selected area diffraction 
pattern (SADP) obtained from transmission electron microscopy (TEM).  
 
2. 3. 3. Field emission scanning electron microscopy (FE-SEM)  
A field emission scanning electron microscope (FE-SEM, Hitachi, S-
4800) operated at 15 kV was used to provide high resolution electron 
micrographs of the surface and the fractured cross-sections. The Zr65Cu35 film 
and the Zr-Cu-Mo films were carefully fractured after scratching the back of 
the silicon wafer with a diamond tip. Due to the narrow probing beam and 
high electron energy in the FE-SEM, improved spatial resolution, minimized 
sample charging, and minimized sample damage could be achieved.  
 
2. 3. 4. Field emission transmission electron microscopy (FE-TEM)  
TEM samples were prepared from the Zr65Cu35 film and the Zr-Cu-Mo 
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films deposited on silicon wafer samples using a focused ion beam (FIB) with 
Ga+ liquid metal needle ion source and acceleration voltage of 30 kV setting 
in 5 kV steps. A high resolution field-emission transmission electron 
microscope (FE-TEM, JEOL, JEM-2100F HR) operated at 200 kV was used 
to examine the cross-sectional microstructure. An inverse Fourier transform 
(IFFT) image was also obtained using a software program, Digital 
Micrograph TM (DM, Gartan Inc.).  
 
2. 3. 5. Atomic force microscopy (AFM)  
Atomic force microscopy (AFM, MFP-3D, Asylum Research) is a 
powerful technique to provide imaging of non-conducting surfaces down to 
the sub-nanometer level without the need for any additional sample 
preparation. The AFM consisted of a sharp tip (20 nm diameter) attached to a 
stiff cantilever was used to observe the surface roughness of films. The tip is 
brought close to the surface and the sample is scanned beneath the tip. The 
tip moves in response to tip-surface interactions, and this movement is 
measured by focusing a laser beam onto the back of the cantilever and 
detecting the position of the reflected beam with a photodiode.  
98 
 
2. 3. 6. Phase detection microscopy (PDM) 
Phase detection microscopy (PDM, MFP-3D, Asylum Research) was 
carried out to determine the distribution of precipitated nanocrystallites 
formed by the indentation impression. Phase imaging of the PDM is another 
technique in the AFM modes that can be used to map variations in surface 
properties such as elasticity, adhesion, and friction. Phase imaging refers to 
the monitoring of the phase lag between the signal that drives the cantilever 
oscillation and the cantilever oscillation output signal, as shown in Fig. 2. 3. 
Changes in the phase lag reflect changes in the mechanical properties of the 
sample surface. The system’s feedback loop operates in the usual manner, 
using changes in the cantilever’s deflection or vibration amplitude to measure 
sample topography. The phase lag is monitored while the topographic image 
is being taken so that images of topography and material properties can be 
collected simultaneously. 
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Figure 2. 3. The phase lag changes depending on the mechanical 
properties of the sample surface. 
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2. 4. Mechanical properties  
The properties of thin films are often different from those of bulk 
materials due to the difference in the manufacturing process and small sample 
volume of thin films. In this study, various characterization methods have 
been applied to analyze the mechanical, wear, tribological properties in 
relation to the microstructure of the Zr65Cu35 film and the Zr-Cu-Mo films.  
 
2. 4. 1. Stylus profilometer for film thickness  
A small area of the AISI 304 substrate steel substrate was covered with 
a piece of insulating tape prior to the film deposition. Therefore, a sharp step 
for film thickness measurements is formed between the uncoated area 
protected by the tape and that around the film on the substrate. The film 
thickness was measured using a Dektak 3030 mechanical stylus profilometer 
operated in the contact mode. Four measurements were taken from each 
sample and the average film thickness was calculated.  
 
2. 4. 2. Nanoindentation, hardness and Young’s modulus  
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The hardness and elastic modulus measurements were performed in a 
nanoindentor (MTS, G200) with a diamond Berkovich indenter. The films 
deposited on AISI 304 stainless steel substrate were cut into 20mm × 20mm 
sized specimens and were glued to aluminum sample holders. The 
nanoindenter was run in a continuous stiffness mode (CSM) with a XP 
module. To minimize substrate effects all indents were allowed to penetrate 
no more than ten percent of the total film thickness. For each sample, at least 
ten effective indentations were made to obtain statistical results. 
As the indenter tip is physically pressed into the sample, both elastic 
and plastic deformation occurs. This results in the formation of a hardness 
impression that conforms to the shape of the indenter tip. During the 
withdrawal of the indenter tip only the elastic portion of the displacement is 
recovered. The load-displacement curve can be obtained to give useful 
information on the film’s nanohardness and Young’s modulus values. Fig. 2. 
4 (a) is a typical load–displacement curve that shows the deformation pattern 
of an elastic–plastic sample during and after indentation. In Fig. 2. 4 (b), hmax 
represents the displacement at the peak load, Pmax, and hc is the contact depth.  
Indentation nanohardness (H) and Young’s modulus (E) values were 
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calculated by the nanoindenter software (Test Works TM Ver.4.06A). The 
software allowed for the machine compliance and the thermal drift to be 
automatically subtracted from the original raw data. Nanohardness (H) and 
Young’s modulus (E) values of the tested material were calculated from the 
loading–unloading curves. In Eq. 2. 1 nanohardness (H) is shown as function 
of peak load (Pmax) and contact area (A).  
H =
𝑃𝑚𝑎𝑥
𝐴
      (2. 1) 
The Young’s modulus (E) value is calculated from the unloading data.  
E =
√𝜋
2
𝑆
1
𝛽
1
√𝐴
      (2.2) 
In Eq. 2. 2, β is a constant equal to 1.034 for a Berkovich indenter tip 
and S is the contact stiffness. The contact stiffness is calculated by fitting a 
percentage (90%) of the unloading data to a polynomial function.  
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Figure 2. 4. (a) A typical load-displacement curve, and (b) the 
deformation pattern of an elastic-plastic sample during and after 
indentation. 
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2. 4. 3. Ball-on-disk tribometer 
The tribological and wear properties of the films were evaluated by a 
CETR micro-tribometer (Universal Micro-Tribometer Unit) under dry sliding 
conditions at room temperature and 30-40% RH (relative humidity). A 
schematic diagram is illustrated in Fig. 2. 5. The setup is a ball-on-disk system 
where the flat film samples deposited onto AISI 304 stainless steel substrates 
were mounted on a disk stage rotating and sliding against a steel balls as 
counterparts (diameter 12 mm, 700 Hv). The testing ball is fixed to a spring 
suspension system that is designed to apply a constant force with minimal 
vibrations. The sample surface was ultrasonically cleaned with acetone and 
ethanol. All tests were conducted under a load of 3 N, a constant sliding speed 
of 70 cm/s, and for sliding distances of up to 100 meters. Consequently, a 
circular wear track 9 mm in diameter was created.  
The friction coefficient of sliding simply can be defined by an 
equilibrium diagram of forces for an object sliding down the surface plane, as 
shown in Fig 2. 6. The load cell applies the desired tangential (FT), and 
normal forces (FN). The static coefficient of friction (μ) between two solid 
surfaces is defined as:  
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μ =
𝐹𝑇
𝐹𝑁
       (2. 3) 
where FT is the tangential force required to produce sliding and FN is the 
normal force between the ball and the film. During each test, the friction and 
applied load were continuously measured and recorded as a function of the 
testing time. Once each wear test was completed the surface of the ball and 
the wear track were examined under an optical microscope. The average 
coefficient of friction was calculated from the microtribometer software.  
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Figure 2. 5. The ball-on-disk tribo-test configuration. 
 
  
- Counterpart : steel ball (diameter 12 mm) 
- Temperature : Room temp. (~ 20 ℃) 
- Humidity : 30~40% RH 
- Track diameter : 9 mm 
- Load : 3N 
- Sliding speed : 70 cm/s 
- Total sliding distance : 100 m 
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Figure 2. 6. Equilibrium diagram of forces for an object sliding down the 
surface plane. 
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2. 5. Thermodynamic calculations 
HSC Chemistry 5.11 software with thermodynamic data from Barin, 
Landolt, and JANAF tables was used to calculated phase reactions, phase 
stabilities, and equilibrium compositions in Zr-Cu-Mo-O subsystems after the 
wear sliding process. With this software it is possible to calculate chemical 
equilibria between pure substances and ideal solutions. These calculations 
were used to identify the possible forms of phase trace elements produced 
during the wear process. Of course, experimental work is needed to verify the 
results, because HSC does not take kinetic phenomena into account. However, 
these results help to forecast equilibrium phases.  
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CHAPTER 3. 
Deformation Behaviors of Zr65Cu35  
Metallic-glass Thin Film 
 
3. 1. Introduction 
Amorphous alloys exhibit unique properties, such as high strength, 
super plasticity, and excellent corrosion resistance [1-3].Metallic glasses are 
not in thermodynamic equilibrium and an amorphous-to-crystalline phase 
transformation can occur with the driving forces for the phase transformation, 
such as thermal and/or non-thermal energies. A number of studies have shown 
that severe deformation of thin ribbons of amorphous glasses can lead to the 
formation of shear bands within which nanocrystallites nucleate [3, 4]. Ball 
milling exerting complex stress provides a faster route for nanocrystal 
formation with sizes less than ~10 nm [5, 6]. Understanding the mechanism 
of plasticity-induced nanocrystallization is challenging because of the 
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difficulty in discerning between thermal and non-thermal effects [7]. 
Theoretical calculations predict a ~1 K to 2500 K increase in temperature in 
the shear band of metallic glasses [8, 9]. Although significant heating is 
predicted in the shear band, theoretical and experimental studies suggest the 
atomicmobility associated with dilatation in a deformed metallic alloy to be 
the main driving force [10, 11]. Most of these studies focused mainly on the 
shear band, which is a characteristic failure mode of metallic glass. On the 
other hand, the severely deformed metallic glass remaining in the amorphous 
phase was not considered as part of the explanation of the driving force for 
phase transformation. An understanding of the kinetics of a controllable 
crystallization process on metallic glass can improve the properties of 
metallic glass, such as tensile strength, plasticity, electronic and magnetic 
properties. Recently, the synthesis of metallic glass thin film (MGTF) was 
attempted due to attractive characteristics of the metallic glass as a functional 
film [12, 13]. Therefore, the fundamental characteristics of MGTF need to be 
investigated for potential applications, such as mechanical, magnetic and 
electromagnetic thin films.  
The binary Zr65Cu35 composition is out of the glass forming range under 
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melting method. However, the solubility of constituent elements and the 
range of glass-forming composition by the sputtering techniques are much 
higher, and are greater than those of the liquid-quenching process. The 
Zr65Cu35 metallic glass thin films were synthesized at room temperature by 
direct current (DC) magnetron sputtering and the metallic glass phase of the 
film was confirmed in the present study. The synthesized Zr65Cu35 MGTF was 
deformed severely using the controlled indentation method. The shear bands 
formed at the edges of the indentation impression and the compressively 
deformed regions immediately below the indentation tip were investigated. 
The microstructure of the indented areas was compared to determine the 
mechanism of nanocrystal precipitation in Zr65Cu35 MGTF.  
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3. 2. Results 
Fig. 3. 1 (a) and (b) shows an HR-TEM image and selected-area electron 
diffraction (SAED) pattern of the as-deposited Zr65Cu35 MGTF, respectively. 
As shown in Fig. 3. 1 (a), no lattice fringes, which reflects the nanocrystallites, 
were observed. Fig. 3. 1 (b) shows the typical halo diffraction patterns of an 
amorphous phase. 
Fig. 3. 2 shows the XRD patterns performed on the as-deposited 
Zr65Cu35 MGTF and plastically deformed Zr65Cu35 MGTF with the array of 
indentation impressions. To examine the effect of plastic deformation on 
nanocrystallization in the synthesized film, the apparent contact pressure of 
695 MPa was applied with a normal load of 1 N using a micro-Knoop 
indentation tester. A typical broad diffraction hump of metallic glass at 30-45° 
2θ was observed in the as-deposited Zr65Cu35 MGTF, and no diffraction peaks 
for crystalline phases were observed. After multiple indentations, the 
plastically deformed film showed diffraction peaks of B2 ZrCu fcc phases, 
and the intensity of the broad diffraction hump decreased [14]. The HR-TEM 
and XRD results indicated that an amorphous-to-crystal phase transformation 
in the Zr65Cu35 MGTF had occurred after the indentation. 
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Figure. 3. 1. HR-TEM image of the as-deposited Zr65Cu35 MGTF and (b) 
the selected-area electron diffraction (SAED) pattern. 
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Figure. 3. 2. The XRD patterns of the Zr65Cu35 MGTF before and after 
indentation indicate that an amorphous-to-crystal phase occurred by the 
array of indentations. 
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Fig. 3. 3 shows topographic images of the indentation impressed 
Zr65Cu35 MGTF after knoop indentation. Fig. 3. 3 (a) and (b) show 2D and 
3D topographic images of the characteristic deformed region around the 
indentation impression, obtained from the laser scanning. The trace of plastic 
flow and the pile-up deformation was occurred around the region induced by 
the indentation. The sharp pile-up hill was observed close by the indentation 
impression but the character of pile-up hill was lower and rougher as far from 
the indentation impression in the deformed region with approximately 120 
um 120 um. Fig. 3. 3 (c) is shown the height profile of deformed region 
through indentation impression (red line in Fig. 3. 3 (a)). The plastic 
deformation of step-like pile-up with approximately 3um height from surface 
was characterized at the sharp pile-up hill nearby indentation impression and 
indentation depth from surface was revealed approximately 1um. 
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Figure. 3. 3. Topographic images of the indentation impressed 
amorphous Zr65Cu35 MGTF by laser scan. (a) 2D and (c) 3D topographic 
images of the characteristic deformed region around the indentation 
impression, (c) the line scan for height of deformed region (red line in (a))  
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Fig. 3. 4 shows SEM morphologies of the indentation impression. The 
region beneath indent and around the indentation impression occurred plastic 
deformation in Fig. 3. 4 (a). A characteristic longish pile-up hill pattern was 
observed at the edge of the indentation impression. Cracks or shear bands 
were not observed in the region, where plastically deformed by mechanical 
compression beneath the indenter but flow-trace observed through shear 
direction as a result of the indentation in Fig. 3. 4 (b). As aforementioned in 
Fig. 3. 3, the plastically step-like pile-up hill was also observed. For non-
strain hardening materials, the plastically deformed regions are expected to 
flow up along the faces of the indenter due to the incompressibility of plastic 
deformation by tendency of metallic glasses to deform in an elastic-perfectly-
plastic manner [15]. Fig. 3. 4 (c) shows the multiple step-like pile-up hill 
deformed by plastic flow outside the indenter. The shear bands were observed 
at the pile-up region nearest the indenter in contrast with the indentation 
impression beneath the indenter. These shear bands were generated at the 
highly localized region, where the multiple step-like pile-up were resulted 
from viscous flow. 
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Figure. 3. 4. SEM micrographs of the indentation impressed region. (a) 
whole indentation impression, (b) beneath the indent and (c) the 
overlapping bands in the pile-up. The squares labeled A, B and C in (b) 
indicate the regions where the HR-TEM samples were prepared using 
the focused ion beam technique. 
  
A B 
C 
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Fig. 3. 5 (a) shows an SEM image of the indentation impressed Zr65Cu35 
MGTF. Fig. 3. 5 (b) shows AFM image of the pile-up and shear band around 
the edge of the impression on Zr65Cu35 MGTF, and Fig. 3. 5 (c) and (d) show 
the amplitude images measured by the contact-resonance atomic force 
microscope between the shear bands in the pile-up around the indentation 
impression and the surface far from the impression. As shown in Fig. 3. 5 (b), 
the topographic image obtained from AFM also revealed a pile-up hill formed 
by the indentation impression, which was characterized as plastically 
deformed step-like shear bands. AFM analyses showed that multiple step-like 
shear bands, 50-600 nm in width, indicated severe local plastic flow. Contact 
resonance AFM [16] was carried out to determine the distribution of 
precipitated nanocrystallites formed by the indentation impression. The 
contrast shown in Fig. 3. 5 (c) and (d) indicates a deviation of contact 
resonance, suggesting a qualitative difference in the mechanical response in 
local areas. The clear contrast for the dark islands measured from the plateau 
area between the shear bands near a pile-up hill (Fig. 3. 5 (c)) compared to 
those measured from the surface far from the impression (Fig. 3. 5 (d)) 
suggests that localized nanocrystallization occurred on the surface between 
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the shear bands.  
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Figure. 3. 5. (a) SEM image of the typical indentation impressions and (b) 
AFM image of the pile-up and shear band around the edge of the 
impression on Zr65Cu35 MGTF. The amplitudes of the contact-resonance 
atomic force microscope measured from (c) the surface between the 
shear bands in the pile-up around the indentation impression and (d) the 
surface far from the impression. 
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High-resolution transmission electron microscopy (HR-TEM) was 
performed to confirm localized nanocrystallization in the Zr65Cu35 MGTF. 
Fig. 3. 6 and Fig. 3. 7 show the HR-TEM images of the deformed Zr65Cu35 
MGTF under the indenter (area A and B in Fig. 3. 4 (b)). No obvious fringe 
contrast corresponding to the crystalline structure was observed in the HR-
TEM image of the area under indentation, as shown in Fig. 3. 6 and Fig. 3. 7. 
The FFT diffraction pattern of the measured area (inset in Fig. 3. 6 and Fig. 
3. 7) revealed a halo diffraction ring of a typical amorphous structure. The 
axisymmetric pyramidal indentation tip produced approximately 60% of 
plastic deformation, which is quite a large amount of deformation. Moreover, 
no evidence was observed for a nanocrystal phase-transformation 
immediately over the areas under the indentation impressions. 
Fig. 3. 9 shows an HR-TEM image of the pile-up region of deformed 
Zr65Cu35 MGTF (area C in Fig. 3. 5 (b)). A number of nanocrystallites with 
lattice fringes, 5–20 nm in size, was observed in Fig. 3. 9. The shear bands 
could not be observed because the HR-TEM specimens were prepared in a 
direction parallel to the shear band. The nanocrystallites were observed near 
the surface area, which is in good agreement with the AFM measurement in 
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Fig. 3. 6 (c). The d value of the lattice fringes and the fast Fourier 
transformation (FFT) diffraction patterns of each nanocrystallite (inset in Fig. 
3. 9) corresponded to those of B2 CuZr (101), (211), and (110) planes [17]. 
This is similar to the nanocrystallites observed near the shear band after 
indentation in bulk metallic glass [18]. FIB specimen preparation and the 
electron beam from TEM analysis did not affect the nanocrystallization of the 
shear band region because the TEM specimens of other areas, which showed 
no evidence of a crystal structure, were processed simultaneously. 
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Figure. 3. 6. HR-TEM image of the deformed Zr65Cu35 MGTF in the 
heavily deformed center area of the indentation impression. Insets show 
the FFT images of the corresponding lattice. 
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Figure. 3. 7. HR-TEM image of the deformed Zr65Cu35 MGTF on the 
indentation impression underneath the inclined plane of indenter tip. 
Insets show the FFT images of the corresponding lattice. 
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Figure. 3. 8. HR-TEM image of the deformed Zr65Cu35 MGTF in the 
vicinity of the step-like pile-up region. Insets show the FFT images of the 
corresponding lattice. 
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3. 3. Discussion 
Nanocrystallites in the shear bands are observed frequently in severely 
deformed metallic glasses [9] but the driving force for the amorphous-to-
crystalline phase transformation is unclear. Direct measurements of the 
temperature have indicated the increase as high as a few thousand K within 
the shear bands, for example using a fusible tin coating method on the shear 
bands [19]. One report suggested that the shearing of an amorphous material 
below its glass transition temperature, Tg, can result in flow dilatation, which 
auto-catalytically causes intense shear localization within the shear bands 
themselves [20]. Furthermore, the flow-induced free volume inside the shear 
bands in disordered solids has high mobility similar to that observed at Tg of 
the solid [21]. This suggests that the diffusion of free volume in the shear 
band results in a sharp decrease in interatomic interaction. Consequently, the 
nucleation and growth of nanocrystallites is possible due to the relatively 
mobile atoms near the shear bands. Indeed, in-situ study on 
nanocrystallization in a shear band showed that nanocrystallite formation in 
the shear bands is due to the increased local atomic mobility [11].  
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3. 3. 1. Kinetics of nanocrydtallization under indentation 
According to classical nucleation kinetics, the nucleation rate (?̇?) is 
expressed as  
     (3. 1) 
where ∆G* is the free energy barrier for nucleation of a critical sized 
nucleus, ∆Ed is the diffusion energy barrier for the transport of an atom from 
the amorphous matrix to the embryonic site, 𝑘 is the Boltzmann’s constant, 
and N is constant at a fixed temperature. Therefore, the decrement the energy 
barriers for nucleation and diffusion can induce to enhance the nucleation rate. 
For homogeneous nucleation in an amorphous matrix, the change in the 
free energy barrier for the formation of the critical size nucleus (∆G*) at a 
given pressure P can be expressed by [22] 
     (3. 2) 
Where ∆Gm is the molar free energy change, i.e., driving force, for an 
amorphous-to-crystalline phase transformation, Ec is the elastic energy 
induced by the volume change during the phase transformation in the solid 
?̇? = 𝑁 𝑒𝑥𝑝 (−
∆𝐺∗
𝑘𝑇
) 𝑒𝑥𝑝 (−
∆𝐸𝑑
𝑘𝑇
) 
∆𝐺∗(𝑇, 𝑃) =
16𝜋𝛾3
3
(
𝑉𝑚
𝑐
∆𝐺𝑚 + 𝐸𝑐 + P∆V
)
2
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state, Vcm is the molar volume of the crystalline phase, 𝛾 is the interfacial 
free energy between the crystalline and amorphous phases, and ∆V is the 
volume change for forming a crystalline nucleus. Therefore, the free energy 
barrier (∆G*) for nucleation can be decreased with increasing pressure, thus 
promoting crystallization in the metallic glass. On the other hand, applied 
pressure reduces the atomic mobility, thus diffusion energy barrier (∆Ed) 
increases with increasing pressure. 
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3. 3. 2. Hydrostatic compressive stress by compressive pressure 
underneath the indentation tip 
Fig. 3. 9 shows schematic of forces behavior by micro-indenter in the 
deformation of the Zr65Cu35 MGTF. The central region of the indentation 
impression (area A in Fig. 3.45 and Fig. 3. 9) was applied hydrostatic pressure 
between the compressive pressure and repulsive force of matrix. According 
to Eq. 3. 2, the hydrostatic compressive stress lowers the energy barrier for 
nucleation (∆G*), resulting in an increase in the value of the first exponential 
term in Eq. 3. 1. Increment of the hydrostatic pressure enhanced the 
precipitation of nanocrystallites from the amorphous matrix as deceasing the 
free energy required to promote a critical nucleus size and increasing the 
driving force (∆Gm) for an amorphous-to-crystalline phase transformation [14, 
22]. In the area A induced hydrostatic compressive stress, however, no 
crystallization was occurred, as well as no shear band (in Fig. 3. 4 and Fig. 3. 
6). The crystallization in the metallic glass is, in general, a sequential process 
between nucleation and grain-growth. The apparent contact pressure of 695 
MPa applied with a normal load of 1 N using the micro-Knoop indenter was 
not enough to overcome activation energy for crystallization associated with 
the nucleation energy barrier (∆G*) and the diffusion energy barrier (∆Ed).  
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Figure. 3. 9. Schematic of forces behavior by micro-indenter in the 
deformation of the Zr65Cu35 MGTF. 
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3. 3. 3. Hydrostatic compressive stress and shear stress by compressive 
pressure underneath the indentation tip 
The indentation impression underneath the indenter tip (area B in Fig. 
3. 4 and Fig. 3. 9) was applied two different stress with hydrostatic 
compressive stress and shear stress due to inclined shape of indenter tip. The 
compression imposed by the micro-Knoop indenter was decomposed into 
hydrostatic compression (300 MPa) and shear stress (495 MPa) via 45 degree 
inclined plane of indenter tip. Under shear stress, the atoms immigrate via the 
shearing direction due to increasing the local free volume prompted atomic 
dilatation [20]. Therefore, shear stress reduces the diffusion energy barrier 
(∆Ed) in localized regions, resulting in an increase in the value of the second 
exponential term in Eq. 3. 1. The simultaneous work of compressive stress 
and shear stress promote the crystallization associated with the nucleation and 
the diffusion with enhancement of the values of the two exponential terms in 
Eq. 3. 1. However, in the area B induced compressive stress and shear stress, 
nanocrystallites and shear band were not observed (in Fig. 3. 4 and Fig. 3. 7) 
although the flow plasticity with increasing atomic mobility occurred through 
the inclined plane of indenter surface. The shear stress applied under the 
inclined plane cannot cause the free volume propagation and the atomic 
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dilatation due to high viscosity is maintained by the compressive stress. 
Underneath the inclined plane of indenter surface, the shear stress induces the 
atomic flow but the compressive stress suppresses the atomic rearrangement 
in the amorphous matrix. Therefore, both different stresses activated but the 
crystallization was not happened with the formation of shear band.  
 
3. 3. 4. Shear stress by uniaxial compressive pressure outside of the 
indentation 
The pile-up deformed region (area C in Fig. 3. 4 and Fig. 3. 9) was 
imposed by shear stress without the compressive pressure applied by the 
indenter. In contrast with area A and B, the shear band (in Fig. 3. 5(c)) and 
the nanocrystallites corresponded to B2 CuZr (in Fig. 3. 8) were observed. As 
relief from compressive stress, the atomic dilatation would occur under shear 
stress. The atomic dilatation lowers the viscosity, and thus the atoms are 
rearranged in unstuck packing structure of the metallic glass by the increased 
atomic mobility. From a kinetics perspective, the enhancement in atomic 
mobility caused by shear stress can be believed to originate from the 
decreased energy barrier for diffusion (∆Ed). Therefore, shear stress increases 
the value of the second exponential term in Eq. 3. 1, thereby enhancing the 
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nucleation rate. The free energy barrier (∆Ed) for diffusion can be decrease 
with increasing the atomic mobility and/or decreasing the packing density in 
the metallic glass system, thus promoting crystallization. In contrast with the 
area A and B with the compressive stress, nanocrystallization occurred in the 
area C induced shear stress without compressive stress although the total 
imposed stress value decreased, relatively. Also, no evidence of 
nanocrystallization was observed in the area B, though the shear stress with 
the compressive stress imposed. Under low stress below 1 GPa by micro-
indentation, the shear stress promotes the nanocrystallization while the 
compressive stress suppresses the nanocrystallization. Therefore, the shear 
stress rather than the compressive stress would induce the indentation-
induced crystallization under the micro-indentation. 
To examine the crystallization by the shear stress effect, microstructural 
transformation was observed by using TEM analysis as varying the distance 
from pile-up deformed region, as shown Fig. 3. 10. As far from indentation 
impression where the pile-up occurred, the height of the pile-up hill was 
decreased. The shear stress should be decreased with the distance from 
indentation impression and the height of the pile-up hill. The HR-TEM results 
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measured by distance from indentation impression revealed that further less 
nanocrystallites were observed as increasing the distance from epicenter of 
the stress. Therefore, the crystallization is increased with shear stress 
increment. 
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Figure. 3. 10. AFM topography and TEM micrographs of the pile-up and 
shear band around the edge of the impression on Zr65Cu35 metallic-glass 
thin film.  
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3. 3. 5. Nanocrystallization under shear stress 
In the Cu-Zr thermodynamic equilibrium (Fig. 3. 11), the CuZr phase 
and CuZr2 phase are equilibrium phases above 988 K, it is decomposed to 
Cu10Zr7 and CuZr2 phase below 988 K in the rage of atomic percent between 
Cu50Zr50 and Cu34Zr66 [23-25]. In the binary Cu-Zr metallic glasses during 
thermal annealing, the orthorhombic Cu10Zr7 and the tetragonal CuZr2 
crystallites formed corresponded to the Cu-Zr thermodynamic equilibrium 
[22, 26, 27]. On the other hands, the nanocrystallites corresponded to B2 CuZr 
of high temperature phase were crystallized in highly plastic-deformed region 
(in Fig. 3. 8) unlike the annealed results. Lewandowski et al. [28] suggested 
mechanism of crystallization in metallic glasses as calculating the 
temperature rises from a few kelvin up to thousands kelvin inside shear bands 
and their vicinity by local heating in a bend-test performed at ambient 
temperature. Following this suggestion, the B2 CuZr phase precipitates with 
the Cu10Zr7 and the CuZr2 phase by the temperature rise from a few kelvin up 
to thousands kelvin in the Cu-Zr system. However, the only B2 CuZr phase 
was observed in the plastic-induced nanocrystallization. The temperature rise 
is considerably reasonable suggestion to elucidate the fracture-induced 
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crystallization of amorphous alloy in the shear bands, but it is not sufficient 
to explain the precipitation of B2 CuZr in this study. Recent results for Cu-Zr 
metallic glasses [29, 30] reported the changes of the short-range order and the 
atomic rearrangement under tensile strain, showing cause for improving 
ductility by B2 CuZr reinforced metallic glass matrix. Short-range atomic 
diffusion by shear flow in comparison with long-range atomic diffusion tends 
to occur. The lattice parameters of the equilibrium phase in the binary Cu-Zr 
system is shown in Fig. 3. 12 [31, 32]. The B2 CuZr phase with the short 
lattice parameter is likely to precipitate in localized region where shear stress 
concentrated, while the orthorhombic Cu10Zr7 and the tetragonal CuZr2 
require the long-lange atomic diffusion. Also, the Zr-Cu distance (0.286 nm) 
in amorphous matrix is very close to the nearest neighbor Cu-Zr pair (0.279 
nm) in B2 CuZr phase. During indentation, the shear stress initiated by the 
incompressibility of plastic deformation induced the atomic plastic flow. The 
atomic movement and rearrangement is occurred from decreased diffusional 
activation energy out of compressive influence. Therefore, the 
nanocrystalline phase of the short-rang order tends to crystalize in the 
mechanical deformation. 
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In this study, it is unclear if the nanocrystallites observed in the vicinity 
of the shear bands are due to an increase in temperature. On the other hand, 
the enhanced local atomic mobility is quite likely to be the main driving force 
for nanocrystallization because nanocrystallites in Zr65Cu35 MGTF created by 
the indentation impression were observed on the surface area near the shear 
bands. The pure hydrostatic compressive pressure was reported to markedly 
inhibit the precipitate growth of nanocrystallites [33], and no phase 
transformation was observed in the Zr-based metallic glass after severe 
compression [34]. Therefore, the most compressive region under the 
indentation impressions remaining as an amorphous phase can have an excess 
of interstitial-type defects with higher atomic density than the free volume 
due to the compressive stress with quasi-hydrostatic condition-limiting 
atomic diffusion. Consequently, the nanocrystallites observed in the vicinity 
of the shear bands are strongly affected by the high atomic mobility and flow 
dilatation with the shear stress. 
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Figure. 3. 101. The equilibrium Cu-Zr Phase Diagram [23]. 
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Figure. 3. 112. Schematic illustration of (a) B2 CuZr, (b) tetragonal 
CuZr2 and (c) orthorhombic Cu10Zr7 structures [31, 32]. 
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3. 4. Conclusions 
Zr65Cu35 metallic glass thin film was synthesized by direct current 
unbalanced magnetron sputtering and deformed by a controlled indentation 
impression. The Zr65Cu35 metallic glass thin film deformed by indentation 
was investigated over nano- and micro-scales by using SEM, AFM and HR-
TEM. XRD showed that the as-deposited Zr65Cu35 metallic glass thin film 
was a typical metallic glass material. The plastic deformation by the array of 
micro-indentations provided sufficient energy for the nucleation of 
nanocrystallites from the Zr65Cu35 metallic glass thin film. HR-TEM 
confirmed that nanocrystallization occurred in the vicinity of the step-like 
shear bands formed at the edge of the indentation impression imposed with 
shear stress without compressive stress. AFM and HR-TEM showed that fcc 
B2 CuZr (101), (211) and (110) nanocrystals nucleated near the shear bands 
of Zr65Cu35 metallic glass thin film. No crystallization was observed in other 
places, such as under the heavily deformed center area of the indentation 
impressions imposed by compressive stress. Under the micro-indentation, the 
shear stress was a more critical factor than the compressive stress in the 
indentation-induced crystallization. 
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CHAPTER 4. 
Mechanical Properties of Zr-Cu-Mo  
Metallic-glass Thin Films 
 
4. 1. Introduction 
Metallic glasses (MGs) with unique mechanical and physical properties 
are one of many potential structural and functional materials for engineering 
applications. Among existing types of metallic glasses, Zr-based metallic 
glasses [1-4] have been reported to have a high glass-forming ability, high 
strength, large elastic limits, and excellent corrosion and wear resistance. 
Additionally, to avoid the rapid propagation of shear bands and improve 
mechanical properties, reinforced metallic glass matrix composites (MGMCs) 
have been developed [5-7] by various methods, such as producing dispersed 
nanocrystals through the partial devitrification of bulk metallic glasses [3, 5], 
adding crystalline particles to the melt prior to casting [8], or precipitating a 
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dendritic intermetallic phase from the melt [9]. However, there is a limitation 
for the fabrication of amorphous phase incorporation with noble metals such 
as Ta, W, Nb, and Mo by the conventional melting method, due to their high 
melting points and high densities (Mo (2896 K, 10.2 g/cm3), Ta (3269 K, 16.6 
g/cm3), W (3695 K, 19.25 g/cm3) and Nb (2742 K, 8.6 g/cm3)). 
Recently, the synthesis of metallic glass thin films (MGTFs) using the 
sputtering method was attempted, due to the various uses of these metallic 
glasses as medical tools, implants, or engineering materials [10-12]. Through 
the sputtering method, the solubility, size, and amounts of the reinforcement 
elements in amorphous matrices could be controlled by adjusting the 
deposition parameters. The solubility of constituent elements and the range 
of glass-forming composition by these sputtering techniques are much higher, 
and are greater than those of the liquid-quenching process for bulk- or ribbon-
type metallic glasses [13, 14]. Chou et al. [6] reported the Zr-Cu-Ti-Ta 
metallic glass thin films with the refractory element of Ta were synthesized 
via sputtering and had improved mechanical properties, as compared to Zr-
Cu-Ti metallic glass thin films without Ta. Among the refractory metals, 
molybdenum exhibits superior engineering properties, such as high tensile 
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ductility and high elastic modulus. Also, molybdenum and its compounds 
show excellent tribological behavior due to the formation of lubricious oxides 
of MoO3 during wear processes, such as sliding or machining [15]. Therefore, 
the fundamental characteristics of refractory-element-based metallic glass 
thin films (MGTFs) and refractory-element-reinforced metallic glass matrix 
composite thin films (MGMCTFs) must be further investigated to determine 
their potential engineering and functional applications. 
In this work, Zr-Cu-Mo thin films with various Mo contents were 
synthesized by a DC magnetron co-sputtering technique with Zr64Cu36 and 
Mo targets in an Ar atmosphere. In a previous study, the Zr64Cu36 metallic 
glass thin film was successfully synthesized, although the Zr-rich metallic 
glass system had a lower glass-forming ability in the binary Cu-Zr system [4]. 
The effects of the Mo addition to a binary Zr-Cu metallic glass system on the 
microstructure and mechanical properties of Zr-Cu-Mo thin films were 
systematically investigated.  
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4. 2. Results 
4. 2. 1. Glass-forming ability and chemical composition of the Zr-Cu-Mo 
thin films 
Fig. 4. 1 shows value glass-forming ability (GFA) for the ternary 
compositions of the Zr-Cu-Mo system. Through extensive experiments, three 
empirical rules have been found to favor the formation of amorphous alloy 
[16]: 1) multi-component system with more than 3 components, 2) large 
difference in atomic size between constituent elements, and 3) large negative 
heat of mixing in the liquid. These rules are correlated with conditions 
necessary for stabilizing liquid phase and for retarding crystallization kinetics 
of supercooled liquid phase. The ternary Zr-Cu-Mo system shows low GFA, 
which was partially fulfilled the requirements for the formation of metallic 
glass.  
Fig. 4. 2 shows the chemical compositions of the Zr-Cu-Mo thin films 
measured by EPMA. It is obvious that the Mo content in the film is 
proportional to the applied DC sputter current of the Mo target. As the 
sputtering current for Mo increased from 0 to 1.0 A, the Mo content in the Zr-
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Cu-Mo thin films gradually increased from 0 to 52 at.%, while the ratio of Zr 
to Cu remained nearly constant and the Zr and Cu contents decreased 
accordingly, from 64 to 33 at.% and from 36 to 15 at.%, respectively. 
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Figure. 4. 1. Schematic of GFA of the Zr-Cu-Mo alloy system by tree 
empirical rules for the glass formation. 
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Figure. 4. 2. Chemical compositions of Zr-Cu-Mo metallic glass thin films 
(analyzed by EPMA) affected by DC sputtering current of Mo target. 
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4. 2. 2. Microstructural evolution of the Zr-Cu-Mo metallic glass thin films 
Fig. 4. 3 shows the XRD patterns of the Zr-Cu-Mo thin films with 
various Mo contents. The XRD patterns of the thin films revealed the diffuse 
broad hump characteristic for the films with Mo content from 0 to 38 at.%, 
which indicates the amorphous nature of the film. No distinctive diffraction 
peaks of crystalline phases appeared in the films with Mo content of 38 at.%. 
When Mo content in such films was higher than 46 at.%, the intensity of the 
diffuse broad hump peak sharply increased, and peak shift was observed near 
the diffraction peaks of (3 1 1) of the face-centered-cubic (FCC) Mo2Zr phase 
and of (1 1 0) of the body-centered-cubic (BCC) Mo phase [17]. The observed 
peak shift and sharply increased intensities imply that the long-range-order 
phase in the films occurred due to the high Mo content. 
In order to understand the implication of changes in XRD data of the 
Zr-Cu-Mo thin films, peak shift and full width at half the maximum of the 
main peak has been calculated. Fig. 4. 4 shows a shift and full width at half 
maximum (FWHM) of main peak positions of the Zr-Cu-Mo thin films as a 
function of the Mo content. To quantitatively analyze the peak shifts and 
FWHM, the main peak positions were calibrated by XRD pattern processing 
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software (JADE, Materials Date, Inc). The XRD main peak positions of the 
Zr-Cu-Mo thin films were shifted to higher 2θ values with increasing Mo 
content, as shown in Fig. 4. 4 (a). When the Mo content in the films was 
between 0–38 at.%, the main peak positions had a linear tendency to shift. 
Meanwhile, the sharp shift of the main peak positions were observed with a 
Mo content up to 46 at.%. As the Mo content increased to between 46 at.% 
and 52 at.% in the Zr-Cu-Mo thin films, the main peak positions slightly 
shifted to higher 2θ values. Fig. 4. 4 (b) shows the variation of FWHM at 
amorphous Zr-Cu-Mo diffraction peaks, as a function of the Mo content. A 
continuous dependence of the FWHM versus composition was observed with 
a maximum at about 27 at.% Mo. When the Mo content in the films reached 
46 at.%, a sharply decreasing FWHM was observed. Sudden changes in peak 
shifts and FWHM with an Mo content between 38 at.% and 46 at.% indicate 
that a significant structural evolution occurred due to the crystallites’ 
precipitation in the amorphous matrix. Below an MO content of 38 at.%, the 
monolithic amorphous Zr-Cu-Mo solid solution was formed with peak shifts 
and broadening, as Mo atoms were solubilized in the amorphous matrix. The 
variation of FWHM is caused by the changes in the weights of the partial 
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structure factors and the composition dependence of the parameters of the 
structure factor, and the atomic pair correlation function points to a solid 
solution-like behavior of the amorphous structure [18, 19]. As a result, the 
glass-forming-ability is improved, as the addition of Mo leads to 
enhancement of the structure factors by increasing Mo-Mo pairs and Mo-Zr 
pairs in the amorphous structure. Above an Mo content of 46 at.%, the sharp 
peak shifts, peak intensity increments, and FWHM decrements all resulted 
from the formation of long-range-orders of Mo-Zr pairs and Mo-Mo pairs in 
the structure. At an Mo content of 52 at.%, the peak position shifted from the 
Mo2Zr (311) diffraction position to the Mo (110) diffraction position, due to 
the Mo-Mo pair increment and Mo-Zr pair decrement in the film. Further 
increasing the Mo content resulted in the formation of a secondary phase that 
corresponded to the FCC Mo2Zr and BCC Mo crystalline phases in the 
amorphous matrix. 
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Figure. 4. 3. X-ray diffraction patterns of Zr-Cu-Mo films as a function 
of Mo contents. 
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Figure. 4. 4. (a) Shift of amorphous peak position and (b) FWHM of 
amorphous halo diffraction peaks as a function of Mo contents. 
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Microstructural evolutions of the Zr-Cu-Mo thin films with a Mo 
addition were further investigated by using TEM and HR-TEM analyses. Fig. 
4. 5 shows the selected area electron diffraction (SAED) patterns of the whole 
region, as well as the HR-TEM image in the Zr49Cu24Mo27 thin film. The 
typical amorphous halo diffraction pattern in SAED patterns confirmed that 
the structure of the Zr49Cu24Mo27 thin film is a typical amorphous phase of 
metallic glass material. As shown in Fig. 4. 5, no lattice fringes were detected 
in the HR-TEM image, and as a result, the fast Fourier transformation (FFT) 
of the lattice fringes as shown in the insets revealed a typical amorphous halo 
diffraction pattern. 
Fig. 4. 6 shows the SAED pattern, the dark-field cross-sectional TEM 
images, and the HR-TEM image of the Zr33Cu15Mo52 thin film, respectively. 
The grains with sizes between 5–20 nm were uniformly distributed in the film, 
as shown in Fig. 4. 6 (a). The SAED pattern (Fig. 4. 6 (a) inset) clearly 
indicated continuous diffraction rings and diffraction patterns of the FCC-
Mo2Zr phases and the BCC-Mo phases. It was found that each grain was 
generally composed of many small sub-grains, as depicted in Fig. 4. 6 (b). 
Additionally, it can be seen that sub-crystallites in multiple orientations are 
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embedded in the amorphous phase matrix. As a result, the fast Fourier 
transformation (FFT) of the lattice fringes, as shown in the insets of Fig. 4. 6 
(b), revealed diffraction rings of nano-grains of Mo2Zr (311) and mist-like 
spectra of amorphous regions. 
As previously described, the microstructure of the Zr-Cu-Mo thin films 
produced by co-sputtering from Zr64Cu36 and Mo sources in the Ar 
atmosphere was significantly affected by the Mo contents of the films. XRD 
and TEM analyses confirmed that increasing the Mo content in the films 
resulted in the formation of secondary phases, such as Mo2Zr and Mo 
crystallites. In the Zr-Cu-Mo thin films, Mo was found to exist interstitially 
within the nanocrystalline phases (Fig. 4. 6), as well as the amorphous phase 
(Fig. 4. 5). The crystalline state and the amorphous state of alloys are 
classified by the pair-correlation functions and the projections of the atomic 
positions [20], and the glass-forming-ability (GFA) of the amorphous alloys 
reflects the composition range in a quantitative manner [21]. Therefore, with 
increasing the Mo content in the Zr-Cu-Mo thin films, the monolithic 
amorphous structure changed to composites with metallic glass matrix as the 
long-range-order of Mo-Zr pairs and Mo-Mo pairs increased in the 
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amorphous matrix and grew into the Mo2Zr and Mo crystallites with an Mo 
content greater than 46 at.%. Consistent observation from the TEM and XRD 
results showed that the Zr-Cu-Mo metallic glass thin films and the Zr-Cu-Mo 
metallic glass matrix nanocomposite thin films were successfully synthesized 
as a function of the Mo content. 
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Figure. 4. 5. SAED pattern and HR-TEM image of Zr49Cu24Mo27 metallic 
glass thin film. Insets show the FFT images of the corresponding lattice 
fringes. 
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Figure. 4. 6. (a) SAED pattern and DF- image and (b) HR-TEM image of 
Zr33Cu15Mo52 metallic glass thin film. Insets show the FFT images of the 
corresponding lattice fringes. 
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4. 2. 3. Mechanical properties of the Zr-Cu-Mo metallic glass thin films 
Fig. 4. 7 shows the friction coefficients of the Zr64Cu36, Zr49Cu24Mo27,
 
Zr41Cu21Mo38 and Zr33Cu15Mo52 films against steel balls (ball-on-disc) as a 
function of sliding cycles. The friction coefficients of films were obtained 
from samples having thicknesses above 2µm. The average friction coefficient 
of the Zr-Cu-Mo film was decreased from 0.44 for the Mo-free Zr64Cu36 film 
to 0.26 for the Zr49Cu24Mo27 film, and then rebounded to 0.33 for the 
Zr41Cu21Mo38 film. The friction coefficients of the films were decreased 
during the wear process. The initial friction coefficients of the films were 
decreased with increasing Mo content in the films, but higher than the final 
friction coefficient of the films. As increasing the sliding cycles, the friction 
coefficients were decreased. This finding can be explained by a tribo-
chemical reaction, where the film surface reacts with ambient H2O or O2 to 
produce an oxide layer during sliding process. Friction can be reduced due to 
the formation of the lubricious oxide layer [22]. In a Zr-Cu-Mo system, the 
lubricious ZrO2, MoO3, and CuMoO4 can be produced by tribo-chemical 
reactions during wear processes. It has been reported that the MoO3 and 
CuMoO4 exhibited a lower friction coefficient than ZrO2 [15, 23, 24]. The 
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lowest friction coefficient of the Zr49Cu24Mo27 film was resulted from high 
ratio of lubricious CuMoO4 to MoO3 formed on the worn surface during 
sliding process. Therefore, the lower friction coefficient of the Zr-Cu-Mo thin 
films, in comparison with that of the Mo-free Zr64Cu36 thin films, can be 
attributed to the formation of a beneficial MoO3 and CuMoO4 tribo-layers by 
the addition of Mo to the films. 
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Figure. 4. 7. (a) Friction coefficients and (b) tribo-reacted oxides 
(simulated by HSC chemistry) of Zr-Cu-Mo metallic glass thin films as a 
function of Mo contents. 
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Fig. 4. 8 shows the hardness (H) and elastic modulus (E) of the Zr-Cu-
Mo thin films as a function of Mo content. The hardness and elastic modulus 
of the Mo-free ZrCu thin film was 10 GPa and 166 GPa, respectively. As Fig. 
4. 8 (a) shows, the H and E values for the Zr-Cu-Mo thin films, of which Mo 
contents are less than 38 at.% and which is identified as the monolithic 
amorphous structure, are nearly constant. However, sharp and linear increases 
were observed when the nanocomposite structure was formed with an Mo 
content of higher than 46 at.%. In the film with the highest Mo content, the 
hardness and elastic modulus values reached 17 GPa and 240 GPa, 
respectively. Improved mechanical properties can be explained in terms of 
strong interatomic bonding pairs between Mo and constituent elements, as 
well as the nucleation of crystallites in the films. It is well known that the 
elastic modulus can be determined by the inter-atomic potential and the inter-
atomic distance [32]. Also, the melting points of materials are influenced by 
inter-atomic bonding [33]. The Mo (2896 K) and Mo2Zr (2193~2896 K) 
exhibit a higher melting point in comparison with Zr (2125 K) and Cu (1356 
K). As Mo content increases, the Mo-Mo and Mo-Zr bonding pairs with the 
higher inter-atomic potential and the shorter inter-atomic distance than Zr-Zr, 
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Cu-Cu and Zr-Cu bonding pairs increased in the films. This increased Mo-
Mo and Mo-Zr bonding leads to the apparent increase in the elastic modulus. 
H/E and H3/E2 values, which are known to be proportional to resistance 
to plastic deformation [34] and the fracture toughness [35], were calculated 
from the measured results shown in Fig. 4. 8 (b). The H/E and H3/E2 values 
sharply increased, with the same tendencies to those of the hardness and 
elastic moduli, due to structure transformation from the monolithic 
amorphous structure to the nanocomposite structure. The higher H/E and 
H3/E2 values mean a larger elastic strain to failure and higher fracture 
toughness [36].  
To examine the effect of plastic deformation and fracture behavior as a 
function of Mo content on the thin films, the various contact pressures were 
applied by a micro-Knoop indenter. Fig. 4. 9 shows SEM micrographs of the 
indentation impressions on the surface of (a) Zr65Cu35 MGTF (b) 
Zr49Cu24Mo27 MGTF and (c) Zr33Cu15Mo52 MGMCTF. Under 100 mN of 
indent load on the each three thin film, typical indentation impressions of 
metallic glass were observed without any crack. The shear bands and cracks 
occurred over 300 mN load in vicinity of indentation impression on the 
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Zr65Cu35 MGTF. However, the evidence of shear flow and deformation were 
observed without any cracks in the Zr49Cu24Mo27 MGTF. Under 1000mN of 
indent load, the fracture and exfoliation occurred by rapid propagation of 
shear bands in the Zr65Cu35 MGTF and Zr49Cu24Mo27 MGTF. On the hand, 
the Zr33Cu15Mo52 MGMCTF with narrower plastic deformed region and 
resistance to fracture at higher load showed the superior deformation and 
fracture behaviors as compared with monolithic metallic glasses. These 
results were correspond to H/E and H3/E2 of calculated values shown in Fig. 
4. 8 (b). Therefore, the Zr-Cu-Mo nanocomposite thin films in this study are 
promising for engineering applications, such as tribological applications and 
erosion applications, as compared with the monolithic amorphous films. 
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Figure. 4. 8. (a) Microhardness (H) and Elastic momulus (E) and (b) 
resistance to plastic deformation (H3/E2) of Zr-Cu-Mo films as a function 
of Mo contents. 
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Figure. 4. 9. SEM micrographs of the indentation impressions on the 
surface of (a) Zr65Cu35 MGTF (b) Zr49Cu24Mo27 MGTF and (c) 
Zr33Cu15Mo52 MGMCTF. 
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4. 3. Discussion 
The increases of H/E (resistance to plastic deformation) and H3/E2 
(fracture toughness) were induced by structural transformation from the 
monolithic metallic glass to nanocomposite as a function of Mo content in the 
Zr-Cu-Mo amorphous alloy system. Although the Mo content was increased 
up to 38 at.% of Mo in the monolithic metallic glass, the H/E and H3/E2 values 
were constant with constant hardness and elastic modulus. In the Zr-Cu-Mo 
composite system, the hardness and elastic modulus increased, 
simultaneously. The improvements of H/E and H3/E2 values on the Zr-Cu-Mo 
composite thin films were induced by high hardness rather than low elastic 
modulus.  
According to the enhancement hardness model [37], an incompatibility 
of the slip system exists between different structures, such as in an 
amorphous/crystalline system, and prevents the dislocation and/or 
transmission when deformation occurs. In crystalline/amorphous 
nanocomposite system, the dislocation and/or shear bands that occur in 
deformation will meet obstacles of heterogeneous structure, and will hardly 
expand in the system. In the Zr-Cu-Mo nanocoposite system with an a-
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ZrCuMo/c-Mo2Zr and c-Mo, the dislocations in the crystalline Mo2Zr and Mo 
phases will meet obstacles at the amorphous ZrCuMo phase and the shear 
bands in the amorphous ZrCuMo phase will also hardly expand into the 
crystalline phases. Therefore, with increasing nanocrystallites and grain-
growth, the increasing quantity of interfaces can provide more interference, 
the structure barrier strengthens, and the hardness is enhanced by strong 
cohesive energies in interphase boundaries [38, 39]. 
By the toughening theory based on crack localization in an amorphous 
matrix [40], the toughness is increased due to relaxation of the strain field 
around the crack tip through the ductile phase deformation or crack blunting. 
In the metallic glass matrix composite structure, shear band created in the 
amorphous matrix is forced to detour or blocked by nanocrystallites. Also, the 
stress present in the matrix can be absorbed by ductile deformation of metallic 
nanocrystallites. Under the composite structure, the crack nucleation was 
suppressed by the introduction of nanocrystallites. Therefore, fracture is 
retarded and mechanical properties are improved. 
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4. 4. Conclusions 
The effects of the Mo addition to a binary Zr64Cu36 MGTF were 
investigated, with regard to the microstructural evolution and their 
mechanical properties of the Zr-Cu-Mo thin films in this study. The Zr-Cu-
Mo films with an Mo content below 38 at. % maintained a monolithic 
amorphous phase structure. However, when Mo content is increased above 
46 at.%, the Zr-Cu-Mo films start to have nanocomposite structures of well-
distributed Mo2Zr and Mo crystallites embedded in an amorphous matrix. The 
hardness and elastic moduli of amorphous Zr-Cu-Mo films showed nearly 
constant values, 10 GPa and 166 GPa, respectively, regardless of their Mo 
content. As Zr-Cu-Mo films have the nanocomposite structures when the Mo 
content reaches 52 at.%, their mechanical properties showed much increased 
hardness and elastic moduli, of 17 GPa and 240 GPa, respectively. The Mo 
addition generally reduced the average friction coefficient of the ternary Zr-
Cu-Mo thin films, regardless of their phase structures. 
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CHAPTER 5. 
Summary and Future Work 
 
In the present study, Zr65Cu35 metallic glass thin film (MGTF) and Zr-
Cu-Mo metallic glass thin films with various Mo contents were synthesized 
on Si (100) wafers and AISI 304 stainless steel substrates by a direct current 
unbalance magnetron sputtering technique in an Ar gas environment. 
Plasticity-induced nanocrystallization in a binary Zr65Cu35 metallic glass thin 
film and the effect of Mo addition on microstructural evolution and 
mechanical properties of ternary Zr-Cu-Mo MGTFs were investigated over 
nano- and micro-scales by using instrumental analyses, such as EPMA, XRD, 
and HR-TEM. An understanding of the kinetics of a controllable 
crystallization process on metallic glass can improve the properties of 
metallic glass, such as strength, deformation, plasticity, hardness, etc. Also, 
refractory-element-reinforcement in metallic glass matrix composites tin 
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films (MGMCTFs) can improve mechanical properties as avoiding the rapid 
propagation of shear bands. The main results can be summarized as follows: 
1. The Zr65Cu35 MGTF was deformed by Knoop micro-indentation, 
and approximately 60% of the film thickness was deformed 
plastically. 
2. The multiple step-like pile-up with shear bands flowed up to the 
faces of the indenter was resulted from viscous flow and the 
incompressible plastic deformation. 
3. The nanocrystallite corresponded to B2 CuZr (101), (211) and (110) 
nucleated in the vicinity of the step-like pile-up where imposed by 
shear stress without the compressive pressure applied by the indenter. 
4. The phase transformation was not observed in the heavily deformed 
center area of the indentation impressions imposed by compressive 
stress and the indentation impression underneath the indenter tip 
applied two different stress with hydrostatic compression and shear 
due to inclined shape of indenter tip. 
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5. As atomic diffusional distance increases in the vicinity of the pile-
up by the atomic dilatation resulted from shear stress and absent 
compression, the crystallization can be promoted due to the 
diffusional activation energy decrement.  
6. The free energy barrier for diffusion can be decreased with 
increasing the atomic mobility and/or decreasing the packing density 
in the metallic glass system by atomic dilatation.  
7. Under the micro-indentation, the shear stress rather than the 
compressive stress induced in the indentation-induced 
crystallization. 
8. Thermodynamic stable phases of Cu10Zr7 and CuZr2 was not 
crystallized but B2 CuZr phase of a short-range order length, high 
temperature phase, is crystallized due to short-range atomic 
diffusion being likely to occur under shear stress. 
9. The Zr-Cu-Mo films with Mo content below 38 at. % maintained a 
monolithic amorphous phase structure.  
181 
 
10. The Zr-Cu-Mo films with Mo content above 46 at.% start to have 
nanocomposite structures of well-distributed fcc Mo2Zr and bcc Mo 
crystallites embedded in an amorphous matrix.  
11. The hardness and elastic moduli of amorphous Zr-Cu-Mo films 
showed nearly constant values, 10 GPa and 166 GPa, respectively, 
regardless of their Mo content.  
12. As Zr-Cu-Mo films had the nanocomposite structures when the Mo 
content reaches 52 at.%, their mechanical properties showed much 
increased hardness and elastic moduli, of 17 GPa and 240 GPa, 
respectively.  
13. As to mechanical properties, the hardness, elastic modulus, fracture 
toughness and plasticity resistance were increased by microstructural 
evolution from monolithic amorphous phase to nanocomposite, 
regardless of their Mo content. 
14. The Mo addition generally reduced the average friction coefficient of 
the ternary Zr-Cu-Mo thin films, regardless of their phase structures. 
In this study, binary Zr65Cu35 metallic glass, ternary Zr-Cu-Mo metallic 
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glass and composite thin films were successfully synthesized using direct 
current unbalanced magnetron sputtering technique. Indentation-induced 
deformation and amorphous-to-crystalline phase transformation under stress 
induced by the Knoop indentation, and the microstructural evolution and 
mechanical properties as a function of Mo content have been studied.  
However, crystallization, the amorphous-to-crystalline phase 
transformation by the indentation-induced stress, were examined by 
experimental observations, such as XRD, AFM, SEM, TEM. This study has 
not provided quantitative value by suggesting calculative equation. 
Furthermore, the microstructural transformation of binary metallic glass 
system under the stress was investigated, but that of ternary metallic glass and 
metallic glass composite system were not tried in this study. Systematic 
investigation for the microstructural transformation of ternary metallic glass 
and metallic glass composite system needs. 
Therefore, the mechanical behavior in ternary Zr-Cu-Mo metallic glass 
and composite systems by mechanical stress will be investigated as a function 
of Mo content and microstructural evolution with suggesting quantitative 
value by numeric analysis. Furthermore, the temperature plays a critical role 
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for the amorphous-to-crystalline phase transformation. The effect of 
temperature below phase transformation temperature will be investigated as 
a function of temperature under the stress by in-situ. Additionally, many types 
of metallic glass and metallic glass composite thin films will be studied for 
improving their mechanical properties. 
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